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SYNOPSIS
Three alloys were investigated. These were the industrial alloy 
Hiduminium RR58 containing a bimodal particle distribution of both coarse 
intermetallic and fine S phase particles, together with two specially 
prepared.alloys, each of which contained one of the particle regimes in 
isolation. The alloy with only the coarse intermetallic dispersion was 
designated Alloy C, whilst the alloy containing only the fine S phase 
was designated Alloy F.
An option in the specimen preparation schedule made it possible to 
either induce or prevent a limited amount of further precipitation during 
the annealing of RR58 and Alloy F. All of the alloys were given an equal 
cold deformation prior to isothermal annealing at four temperatures: 270°,
300°, 330° and 360°C. The progress of the softening mechanisms was followed 
using hardness measurements and by optical metallographic techniques de­
veloped specifically for this study.
It. was found that in Alloy C, the coarse widely-spaced particles acted 
as recrystallisation sites, however, on decreasing the annealing tempera­
ture, it was found that an increasingly large proportion of the softening 
was due to the recovery processes preceding recrystallisation. In Alloy 
F, the fine precipitate promoted softening by recovery mechanisms, al­
though at the higher annealing temperatures, recrystallisation occurred 
without progressing to impingement. The behaviour of the bimodal KR58 
was a compromise between the behaviours of the two unimodal alloys. Re­
crystallisation was initiated at the coarse particles, but was gradually 
suppressed by the influence of the fine particles as the annealing tem­
perature decreased. The effect of precipitation during annealing was 
found to be small, principally slowing the recovery and nucleation pro­
cesses.
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1. Introduction
It has been known since prehistoric times that a metal will harden on
working and soften when suitably annealed. Kalisher^ postulated in 1881
that working a metal destroyed its crystallinity; subsequent investigations
(2)
such as that by Becker in 1926, recognised the nucleation and growth 
characteristics now associated with recrystallisation.
Since then, considerably more work has been performed, and with the 
availability of ever more sophisticated microscopical techniques, a much 
greater understanding of the processes involved in annealing has been 
achieved. It is now recognised that on working a metal, the work harden­
ing process observed is due to the formation of dislocation "tangles” as 
a result of dislocation interactions. These act as obstacles to further 
dislocation motion, and on further working, grow by acquiring dislocations 
from nearby slip planes. The dislocation structure formed by this process 
stores approximately five percent of the total energy expended in plasti­
cally deforming the metal.
The cold worked state, although thermodynamically unstable, is mechani­
cally fairly stable at low temperatures. Raising the temperature, however,
supplies sufficient activation energy to allow the dislocations to move out
of their slip planes by cross-slipping of screw dislocations followed by 
climb of edge dislocations. The overall effect of these initial short 
range atomic movements is to lower the defect density, leading to the cold 
worked structure generally developing a well-defined cellular nature.
This behaviour is known as recovery and may either result in a gradual 
complete softening of the structure, or it may be a prelude to recrystalli­
sation. The extent of softening by recovery depends mainly on the annealing 
temperature and the stacking fault energy of the metal: low annealing tem­
peratures and high stacking fault energies extending the duration of the 
recovery period. Generally at high annealing temperatures, recovery is 
followed by recrystallisation, a softening process which entails far more 
drastic changes of structure.
Recrystallisation is a nucleation and growth process which is initiated 
by the formation during recovery of small areas within the structure of 
significantly lower defect density than the surrounding cold worked material.
If these areas are partially surrounded by a mobile high, angle boundary, 
they become viable "nuclei'1, the expansion of which reduces the overall 
strain energy of the structure, this being the driving force for their 
growth. Thus, high angle grain boundaries sweep through the recovering, 
high energy, cold worked structure, replacing it by a set of more perfect 
(lower energy) recrystallised grains.
The recrystallisation characteristics control the size, uniformity, 
texture, etc. of the resultant grain structure, which is industrially im­
portant as it affects not only the behaviour of the material on subsequent 
fabrication, but it may also significantly affect the final mechanical and 
physical properties of the product. The recrystallisation behaviour may be 
influenced by a number of factors; these may either be a feature of the de­
formation and annealing process, or are an intrinsic feature of the material. 
For example, processing variables such as deformation temperature, rate and 
degree of deformation, temperature and time of annealing, specimen thick­
ness, etc., can all have a major role in influencing the recrystallisation 
behaviour. These processing factors are superimposed on the intrinsic re­
crystallisation characteristics of the material which depend on solute con­
centration, initial grain size, the presence of second phase particles, etc. 
Of these intrinsic factors, the presence of second phase particles has the 
greatest potential effect: being able to accelerate, hinder or completely
suppress recrystallisation, with a concomitant effect on the post-annealing 
properties of the alloy.
Since the majority of industrially used alloys have two or more phases, 
the characterisation of the effect of second phase particles on the recrys­
tallisation behaviour is fundamental to the alloy fabrication schedule if 
the final properties are to be optimised. This type of determination is 
currently of increasing importance due to the technological trend of using 
alloys in evermore demanding and critical applications.
2. Literature Survey
2.1 Preface-
Early work. in', the field of recrystallisation concentrated on de­
veloping a comprehension of the processes involved in annealing single 
phase alloys. Commercial alloys, however, usually contain two or more 
phases, and while the recrystallisation behaviour of two-phase alloys has 
only been studied comparatively recently, the mechanisms of the processes 
involved are well-established. This is not the case with multi-phase 
alloys, recent interest in which has revealed a dearth in understanding of 
the interacting effects of the various phases. As there are several recent 
reviews^’ ^  covering the annealing behaviour of both single phase and 
two-phase alloys, the following survey is only intended as a resume of the 
aspects relevant to the present work on a multi-phase, bi-modal alloy.
2.2 The Structure of Cold Worked Metals
2.2.1 General Aspects
When a metal is cold worked, its strength increases and 
ductility decreases. This is known as "work hardening" and is due to the 
production of lattice defects (vacancies, dislocations, stacking faults, 
etc.). The removal of the increased energy associated with these defects 
is the driving force for the subsequent softening processes during anneal­
ing. The amount of energy stored ,in this way is small, typically around 
0.042J/(Kg.atom), when compared either with the amount of mechanical energy 
which is converted to heat during deformation, or with the activation ener­
gy of a typical phase transition reaction. Nevertheless, it is associated 
with an increase of dislocation density from the range of 10"^ - 1 0"^
lines/m^ for an average undeformed metal to the range of 10^  - 10^  lines/
2
m after severe cold work. In general, the dislocation density increases
as the alloy content increases and/or as the original grain size of the 
(4)metal decreases .
Examination by x-ray and transmission electron microscopy 
techniques has shown that at low strains a tangled random arrangement of 
dislocations is found; but as the deformation is increased, a greater num­
ber of dislocations are produced, and usually from deformations in the 
order of 5%, a cellular substructure begins to form. The interiors of 
these cells are relatively free of dislocations and have a slight misorien- 
tation to each other. This was first observed by Heidenreich^ in alumin-
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ium. Subsequent work in aluminium has closely characterised this
effect. The volume occupied by these boundaries in aluminium is roughly 
one-fifth of the total volume; whilst in copper, it is approximately one- 
half. It has been inferred that the cell structure results from the ability 
of screw dislocations to cross-slip out of their original planes and arrange
themselves in localised regions of the cell walls; hence the effect will
be more pronounced in high stacking fault energy metals, e.g. aluminium.
0-4)It has been shown by Holt that the stored energy increases as the
stacking fault energy decreases for a wide range of metals. The main
features of the cell structure have been summarised by Swann^"^ for
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F.C.C. metals and by Keh and Weismann for B.C.C. metals as follows:
a) The cell size is independent of the initial grain size but 
decreases to a limiting value after a certain strain (Figure 1)♦
b) The limiting value of cell size increases with the soft­
ness of the metal and is usually in the range of 1 to 2 
microns.
c) The width of the cell walls increases with the hardness 
of the metal.
2.2.2 Some Factors Which Influence the Structure of Cold 
Worked Metals
In general, alloying additions which form solid solutions 
decrease the stacking fault energy and reduce the cell size. Metals, how­
ever, which have an intrinsically high stacking fault energy cannot readily 
be described in this way, especially when they have a low room temperature 
solid solubility for other elements (as is the case with aluminium). In 
these cases, the retention of an appreciable solute content can only be 
achieved by quenching. This would produce a large number of non-equili­
brium point defects, which then interfere with the normal processes of cell 
formation; e.g. S w a n n f o u n d  that a quenched, supersaturated Al/4% copper 
alloy would not form a cell structure even after 50% deformation. In other 
aluminium alloys, however, it has been f o u n d t h a t  a very short annealing 
treatment will rapidly produce a clear cellular structure.
The temperature at which a metal is deformed can influence 
the dislocation density, dislocation distribution and the resultant cell 
structure. Generally, the stored energy increases with decreasing deforma­
tion temperature, whilst the tendency for cell formation and their size de­
creases^^* . It has been found that increasing the strain rate has 
a similar effect to decreasing the temperature.
Although the prior deformation grain size does not alter 
the cell size, it does influence the dislocation density and hence the 
stored energy for any given deformation. This effect was analysed by 
Conrad and Christ who found that the dislocation density becomes less 
sensitive to variations in the grain size as the strain increases.
2.3 Recovery
2.3.1 General Aspects
It is often found that the properties of deformed metals
change during annealing at temperatures, or in time periods, below those 
required to form a new structure of recrystallised grains. These pre-re- 
crystallisation changes are traditionally designated as "recovery" processes. 
It should be noted, however, that this term is somewhat ambiguous since the 
term "recovery" is occasionally used in a totally different sense to de­
scribe the total change of a given property from a value typical of its 
post-deformation state to that typical of the pre-deformation state, in 
which case changes due to recrystallisation may be involved, as well as 
changes prior to recrystallisation.
Recovery, in the pre-recrystallisation sense, consists 
basically of the annihilation of vacancies and the short range rearrange­
ment of dislocations to produce structures which are intermediate between 
those of the cold worked state and the recrystallised state. These struc­
tural changes are accompanied by a release of stored energy and by appro­
priate changes in the physical (e.g. density and resistivity) and mechani-
(21 - 25)
cal properties of the metal. Calorimetric measurements have shown
that these changes occur in a complex, multi-state manner, the precise na­
ture of which depends on the purity of the metal and the conditions of its 
initial deformation, leading to the formation of a more well-defined cell 
structure, as well as to a lower vacancy concentration (Figure 2).
Generally, low stacking fault energy metals such as copper 
show little change in mechanical properties prior to recrystallisation due 
due to the relative difficulty of short range dislocation rearrangement. 
Alternatively, high stacking fault energy metals such as aluminium often 
show considerable recovery softening prior to primary recrystallisation, 
due to the relative ease of dislocation rearrangement processes. Normally,
this softening is small compared to that which occurs during recrystalli-
(26)
sation, although examples have been found in which the whole hardness
increase caused by prior deformation has been removed during annealing
without recrystallisation.
2.3.2 The Interaction of Recovery and Recrystallisation
In metals such as aluminium, the recovery processes have
(8—13 27—30)
a considerable influence on the softening behaviour of the metal *
On deformation, the characteristic substructure is initially developed.
(28)
Gay et al , working with aluminium, observed that after 57% deformation 
by rolling, the accumulation of dislocations on slip bands produced a 
cellular structure which was estimated to be in the order of 1 or 2y with 
a mean misorientation angle between the subgrains of about 3°. At tempera­
tures as low as room temperature, it has been found that this structure may
(9)
then recover , producing a more distinct substructure. This behaviour is 
also observed at higher temperatures; but as the temperature is increased,
there is a tendency to subgrain growth, and this has been f o u n d t o  be 
responsible for significant changes in hardness under conditions where no 
recrystallisation had occurred. There is some evidence that the increase
/ Q 11
in subgrain size in aluminium is a linear function of the annealing time *
If the recovery processes occurring are a precursor for sub­
sequent primary recrystallisation, as is generally the case, the resulting 
structure at some time becomes a duplex system of recovering regions and 
recrystallising regions. This means that in the intrinsically heterogene­
ous process of primary recrystallisation, where recovery and recrystallisa­
tion are occurring simultaneously, the driving force for recrystallisation
is decreasing continuously. This has been experimentally verified by
(25)
-Vandermeer and Gordon . Thus, this in combination with the nucleation 
and growth nature of the recrystallisation process, is why primary recrys­
tallisation progresses in a sigmoidal manner.
As hardness measurements, due to their procedural simplicity, 
are frequently used to monitor the inception and progress of primary recrys­
tallisation, the considerable softening; that occurs during recovery in metals 
such as aluminium, cannot be ignored. This is because macrohardness im­
pressions only give information as to the general softening of the structure, 
and hence recrystallisat'ion nuclei can grow a significant amount before they
measurably influence the overall hardness of the specimen. Cotterill and 
(31)Mould found that in such cases an effective way of determining the posi­
tion of 50% recrystallisation is to plot the differential of the hardness- 
temperature curve against temperature: 50% recrystallisation corresponds
to the peak of the resulting curve (Figure 3). Further discussion of the
(3) (31-35)
kinetics involved may be found in Cotterill and Mould amongst others
2.4 Primary Recrystallisation
2.4.1 The Nucleation Stage
2.4.1.1 Classical Nucleation Theory
Primary recrystallisation may be likened’ to a
(36)
conventional phase transformation. Hence, work such as that by Orowan 
has applied classical nucleation theory to the process. If it is assumed 
that a spherical embryo of low strain, lattice forms by a process based on 
random fluctuations (which is generally not the case in recrystallisation 
nuclei!, then the following applies:
AFT = 4rr2y - *|irr3AFv - (1)
where AF^ is the total free energy change 
r is the radius of the embryo 
y is the specific interfacial energy 
AF^ is the bulk free energy change.
It can be seen that as the emhryo increases in size, the change in yolnme • 
free energy favours its further expansion; whilst the increase in surface 
energy tends to counteract this. The difference in radius term exponents 
results in a critical embryo radius for stability, below which the increase 
in surface energy outweighs the reduction of volume free energy. Conse­
quently, differentiating equation Cl) with respect t o r  leads to the follow­
ing expression for critical radius, r^
r = - (2)
c AF
V
In the case of recrystallisation, the free energy 
term,AFy> may be replaced by the strain energy change on deforming the 
metal, E. Thus:
Consequently, the size of the smallest viable nucleus may be established.
(37)
However, it has been shown by Cotterell that if there is insufficient 
misorientation across the boundary between the embryo and the deformed sur­
roundings, then an inadequate migration rate in the growth stage will ensue, 
resulting in the embryo not becoming a viable nucleus irrespective of its 
size. Thus, the incubation period for recrystallisation corresponds to 
the time required for the development of the necessary misorientation. 
Consideration of the free energy change accompanying the formation of a 
viable nucleus, in combination with the interfacial energy and the strain
energy, allows values for the nucleation frequency to be derived. A review
(3)of this can be found in Cotterill and Mould .
It is now established that recrystallised grains
are nucleated at those points in the deformed metal which correspond to
the greatest local strain and defect concentration, and which therefore,
have the greatest local concentration of internal energy to provide the
driving force for the initial formation of a strain-free nucleus. This
transistion, however, can occur by several mechanisms, the details of which
are discussed in the following sections.
2 .4.1.2 Polygonisation
The formation of recrystallised grains by poly-
(38) (39)
gonisation was originally proposed independently by Cahn and Beck 
This process is especially operative when the initial deformation has 
created a structure where there is a preponderance of dislocations of one 
type, e.g. as would result from bending a single crystal about the axis 
parallel to the active slip planes. This leads, on annealing, to the for­
mation/ of ; walls of dislocations at right angles to the active glide planes. 
Such walls, if composed of similar edge dislocations, form a tilt boundary
(see Figure 4). Since dislocation climb is an essential feature of this 
mechanism, it would be expected that this would occur most easily in high 
stacking fault energy metals, although it has been observed in other metals. 
The formation of such tilt boundaries results in a polygonised substructure, 
often an order of magnitude larger than the cold worked substructure; hence, 
some viable recrystallisation nuclei may be formed by this mechanism.
2.4.1.3 Subgrain Coalescence
Another method of nucleation is subgrain coales-
(40 41)
cence by rotation. This was initially proposed by Hu ’ but has since 
been modified as a consequence of later work which suggests that an area of 
of large local misorientation is required. The process relies on the growth 
of subgrains on heating, the growth occurring as the result of the gradual 
disappearance of boundaries between neighbouring subgrains. During this 
growth, the subgrains rotate by localised diffusion into a common orienta­
tion which is, in general, different from that of either original subgrain. 
This "coalesced group" becomes a subgrain of substantially greater size 
than its non-coalesced neighbours (see Figure 5). The disappearance of the 
subgrain boundaries between the coalescing cells probably involves dislo­
cation climb into other boundaries around the subgrain. The driving force 
for the subgrain rotation required is the decrease in internal energy as a 
result of changing boundary misfit angles: low angle boundaries reducing
their energy by decreasing their angle of misfit, whilst high angle boun­
daries reduce their energy by increasing their angle of misfit. If the 
coalesced group is relatively strain free, above the critical size and has 
rotated in such a way that it is at least partially surrounded by high angle 
grain boundaries, then it becomes a viable recrystallisation nucleus. This
behaviour has been noted in aluminium and its alloys by a variety of work- 
(42-45)
ers . It should be noted that the coalescence concept has been in­
terpreted in various ways, including such modifications as the Linear Co­
alescence Model and the Nielson Geometric Coalescence Model . Neither
of these models, however, completely describes the experimental observa-
(47)
tions as satisfactorily as the Li sub-grain rotation model based on
Hu's original concept. Further discussion of these models may be found
(3)
in Cotterill and Mould .
2.4.1.4 Martensitic-type Nucleation
Twins have been found to act as nucleation sites
in some metals, the twin matrix interface being likened by Cahn to high
angle grain boundaries. Twinning by inverse Rowland's Shear mechanism
(.a quasi-martensitic process) has been suggested by Burgers and Verbraak^^^
as the mechanism which produces the cube texture when heavily deformed
(49-52)
copper is annealed. Further investigation of this mechanism has
shown that it is not responsible for the formation of a cube texture in 
aluminium, and hence is generally not considered as a nucleation model for 
aluminium and its alloys.
2.4.1.5 Grain Boundary Bulging
It is often found that recrystallised grains 
originate at an existing grain boundary by an apparent bulging mechanism. 
Observation has revealed that two distinctly different mechanisms may be
(53)
responsible for this effect: the first was described by Beck and Sperry
as the result of optical microscopy observations of the behaviour of alu­
minium alloys; whilst the second mechanism has only recently been described
(54)
by Jones, Ralph and Hanson .
(53)
The process first described by Beck and Sperry 
has since been analysed by Bailey and Hirsh^^’ after a number of elec­
tron microscopical observations in a variety of metals. The essential re­
quirement for this particular process is the existence of a high misorienta­
tion boundary between grains of significantly different internal strains.
In these circumstances, a portion of the boundary which borders onto a 
large subgrain in the lesser strained grain will have few, if any, matrix 
dislocations on its lesser strained side. Such a boundary can then migrate 
away from the low strain side into the more heavily strained grain, leaving 
behind a virtually dislocation-free region (Figure 6). Despite energy 
being required to extend the length of the migrating boundary, there is a
net driving force due to the consumption of the more heavily deformed
(57)
grain. An analysis of this situation by Bailey indicates that the 
basic conditions for a bulge to grow are given by the expression:
L > - § ~  - (4) 
where L is half the length of the boundary bulging out to form a spherical 
cap of radius, R
S is the surface energy of the migrating boundary, and
AE is the difference in stored energy across the migrating boundary.
This expression has been found to agree reasonably well with observed re­
sults.
As an existing high angle boundary is used in the 
process,, it would be expected that no incubation time is required, although 
the initial period of growth would be slow until the bulge becomes a hemi­
sphere. This has been verified by separate kinetic experiments. Also, 
the kinetics are sensitive to the prior deformation grain size, as this 
regulates the total available grain boundary area per unit volume.
It can be seen from the criteria necessary for 
this mechanism of nucleation that it would be favoured by low deformation,
where there is more strain at grain edges and corners, also a greater
(58 59V
strain differential between grains. Vandermeer and Gordon * have 
shown that grain boundary bulging was the prevalent mode of nucleation 
in pure aluminium for a range of deformations below 40%. At higher de­
formations, however, the strain distribution becomes more homogeneous, 
and the mechanism described above generally yields to nucleation at grain 
interiors; also, the effect of second phase particles becomes more impor- 
tant(60).
At these higher deformations, nucleation by ap­
parent grain boundary bulging can still occur, but by the radically dif-
(54)ferent process described by Jones, Ralph and Hanson . This process 
was first observed during the study of the initiation of recrystallisation 
in a 50% cold worked alloy consisting of 99.98% aluminium with a low vol­
ume fraction of alumina. Their experimental observations showed that most 
nucleation events at grain boundaries involved major modifications to the 
local subgrain structure. These substantial changes were seen to involve 
subgrain coalescence, aided by a dynamic interaction between matrix dis­
locations and the original high angle boundaries. This interaction with 
the grain boundary Implies that matrix dislocations in neighbouring grains 
are linked. Two models for the formation of nuclei were proposed based on 
these experimental observations.
The first model considered the case of subgrain 
coalescence by means of annihilation processes involving components from 
matrix dislocations which were originally in subgrain boundaries on oppo­
site sides of a high angle boundary: the process being one of trans-
granular recovery, in which the grain boundary acts as a median structure 
within which annihilation occurs. Eventually, one of the adjoining 5subgrains 
grows and increases its misorientation sufficiently to become a viable 
nucleus.
The second model considers a situation where the 
annihilation c£ matrix dislocations is predomenantly from one grain, which, 
results in the formation of a single large subgrain adjoining the high an­
gle boundary. The resultant stored energy density difference across the 
grain boundary at this point will cause it to grow into the unaffected' 
grain; and this, in combination with further growth of the subgrain, re­
sults in the formation of a viable nucleus.
These models appeared to have good agreement with 
experimental observations and would seem to be a reasonable account for 
grain boundary nucleation in general at higher deformations.
2.4.'2 The Growth Stage
Once the recrystallisation nuclei are formed, they grow
until they interact with another similar expanding recrystallisation region. 
When the whole volume of the material has been occupied by these new strain- 
free grains, it is said to be recrystallised. Thus, the growth stage of 
primary recrystallisation consists essentially of the migration through the 
deformed structure of high angle grain boundaries, i.e. incoherent bounda­
ries of large angle Imore than 20° according to ..Cotterell.^^] across which 
there is no general continuity of lattice rows. If the boundary is assumed 
to be a transition layer of about three atom diameters in thickness, then 
the structure of this layer will be based on the "Island Model" in which 
the boundary is said to be an interface along which small "islands" of 
relatively good atomic fit are surrounded by relatively larger regions of 
much poorer fit. A special case of high angle boundary is the "coincident
site" boundary for which a fraction of the atoms in the two adjoining grains
(6 2 )
are situated in lattice sites which are common to both grains , hence 
giving the boundary unusually high mobility.
The rate of grain boundary migration is generally regarded 
as being the simple product of the driving force and the boundary mobility. 
Liebmann et al^^* found that the mobility of grain boundaries increased 
to a maximum as the misorientation was increased to 40°, but then fell to 
virtually zero at 60°, which corresponded to a twin boundary. It should be 
noted that the highest site coincidence does not necessarily produce the 
greatest mobility. The mobility of a grain boundary can be reduced by quite 
minute quantities of solute, usually the coincident site boundaries being 
less affected than the non-coincident ones . This is because the coin­
cident site (or good fit) boundaries accommodate fewer solute atoms and
hence require a lower activation energy for migration.
(66')
Work by Gordon and Vandermeer slightly modifies the 
classical approach and has related the mobility of a grain boundary in a 
pure metal to its "porosity" (i.e. vacancy concentration), high mobility 
being associated with a large amount of "porosity" as the energy barriers 
to diffusion are then low. This porosity itself is dependent on the orien­
tation of the boundary and the type of coincident site relationship. On 
the other hand, they found that the mobility in impure metals tended to 
decrease with segregation to the grain boundary. A review of high angle
grain boundaries and the factors affecting their migration rate may be
(3)found in Cotterill and Mould
2.4.3 The Influence of the Deformation and Annealing Conditions
The basic influence of the deformation and annealing con­
ditions on the recrystallisation process have been summarised in six "Laws 
of Recrystallisation" which still apply today even though they were com­
piled by Burke and Turnbull in 1 9 5 2 ^ ^ :
i) A-minimum deformation ia needed to initiate recrystal- 
lisation (usually referred to as the "critical strain").
ii) The smaller the amount of deformation, the higher is
the temperature required to cause recrystallisation.
iii) Increasing the annealing time decreases the temperature 
necessary to cause recrystallisation.
iv) The recrystallised grain size depends chiefly on the
degree of deformation, and to a lesser extent on the 
annealing temperature: being smaller, the larger the
degree of deformation and the lower the annealing'tem­
perature.
v) The larger the original grain size, the greater the
amount of cold deformation that is needed to give an 
equivalent recrystallisation temperature and time.
vi) The amount of cold work required to give an equivalent
hardening increases with increasing temperature of 
working.
The driving force for recrystallisation is provided by the 
stored energy of the deformed (cold worked) structure; nevertheless, the 
process requires thermal activation. Hence, for any given metal there is 
a minimum temperature below which complete recrystallisation will not occur 
for a given set of mechanical conditions. This temperature is known as the 
"Recrystallisation Limit". In principle, a lower recrystallisation limit 
should be attainable if prolonged annealing times are used. However, apply 
ing the normal Arrhenius activation relationship indicates that the time re 
quired increase logarithmically with decreasing temperature.
The effect of increasing the prior strain is to increase
the number of locally high strained regions at which nuclei can be formed.
/
For example, in aluminium the nucleation rate is low for pre-strains of
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less than 7%, but rises steeply with further increased strain *
The growth rate exhibits a converse trend, with an initial rapid increase 
as the amount of pre-strain is increased, but becomes roughly constant for 
strains greater than 1 5 % ^ ^  (see Figure 7). These factors, therefore, 
account for the observed minimum strain value as a prerequisite for re­
crystallisation.
As there is this clear association between the internal 
energy of a cold worked metal and the ease of activation of recrystalli­
sation, it is to be expected that external factors which modify the dis­
location density during cold work will correspondingly alter the recrys­
tallisation characteristics. Typical examples are the mode and rate of 
deformation; not only can these alter the dislocation density, cell size,
etc. but also in the case of techniques such as explosive forming, the 
actual mechanism of cold working may be altered. For similar reasons, 
the deformation temperature (see Section 2.2.2) has an e f f e c t , and 
as the dislocation distribution produced by low temperature working is
generally more uniform, it is usual for the critical strain to rise as
the deformation temperature is lowered.
The recrystallisation characteristics can also be affect­
ed by the prior deformation grain size. Decreasing the grain size in­
creases the ease of recrystallisation and reduces the recrystallised 
grain size. This effect has been verified in various studies including 
some with a l u m i n i u m , being particularly evident at low strains.
The marked dependence at low strains reflects the effect of prior defor­
mation grain size on the dislocation density (see Section 2.2.1 and Figure 
8) and on the nucleation rate (see Section 2.4.1).
A final factor, which is only significant in very thin 
films (such as transmission electron microscopy specimens), is the lower­
ing of boundary mobility due to the loss of vacancies by migration via
the boundary to the surface.
2.4.4 The Influence of Solute Atoms
In general, increasing the solid solution content of an 
alloy leads to a higher recrystallisation limit and a reduced sensitivity 
to strain, e.g. commercially pure aluminium requires elevated temperatures 
to recrystallise, whilst purified aluminium will recrystallise at room 
temperature; and super-purity aluminium will recrystallise at even lower 
temperatures^^* . The critical strain value also rises with solute 
content. This sensitivity of aluminium to the effects of impurities has
made it the subject of much work on solid solution behaviour. Masing and 
(79)
his co-workers found that additions of manganese and nickel increased
the start temperature of recrystallisation drastically; however, the tem-
(80 81)
perature range of recrystallisation was narrowed. Other workers ’
found that the delay in recrystallisation becomes significantly greater
above a certain concentration limit, i.e. there is a concentration below
which growth can "breakaway'1 from the drag of the solute atoms.
To explain these and other experimental observations,
(82-95)many theories have been put forward , including the solute depen­
dent growth theory of Luke and DetGrt, Vandermeer, Liicke and Stuwe,
Machlin and Cahn, Alekandrov and Kogan and the radically different ap-
(3)
proach of Abrahamson; these theories are reviewed by Cotterill and Mould
As recrystallisation is a nucleation and growth process,
the effect of the solute on nucleation must also be considered. The solute
(96 97)
atoms have two distinct effects: the first postulated by Leslie *
is that they would stabilise dislocation arrays and low angle boundaries, 
which would delay nucleation. Secondly, as the addition of solute changes 
the stacking fault energy, the formation and size of subgrain cells would 
be influenced. Thus, as the overall misorientation across the subcell 
walls is reduced, nucleation is more difficult.
2.4.5 The Influence of Dispersed Coherent Second-Phase Particles 
Coherent particles are usually relatively fine and closely
spaced. During deformation, they generally do not give rise to regions of 
locally high dislocation density or lattice curvature, as dislocations cut 
through the particles.
The effect of coherent dispersions has been studied in a 
number of systems. Copper-cobalt is the most p o p u l a r 101)  ^ although 
Barton and Ansell^^^ have worked with aluminium-silver. In all cases, 
it was found that recrystallisation start and finish temperatures and the 
temperature interval are greater than in the case of the same alloy in the 
solution treated condition, or than would be the case for the matrix phase, 
alone. However, should the particles "Ostwald ripen" or convert to much 
larger incoherent particles, this would no longer apply (see Section 2.6). 
Although there is a general lack of detailed observation in this field, 
P h i l l i p s h a s  suggested that due to the nature of the rolled out co­
herent particles, their effect may be considered to be compositional, i.e. 
the deformed alloy may be regarded as a segregated solid solution. Thus:
i) Coherent particles cannot be expected to accelerate 
recrystallisation, as they do not produce regions of 
high lattice curvature (see Section 2.6.1.2).
ii) Nucleation in such alloys will be inhibited as the 
deformed substructure tends to consist of ill-defined 
dislocation tangles (see Sections 2.4.4 and 2.2,2).
iii) Grain boundary mobility will be reduced by a high 
solute drag effect, hence reducing the growth rate 
for recrystallisation (see Section 2.4.4).
iv) The presence of these supersaturated."segregated 
regions" gives rise to the possibility of precipi­
tation during annealing, as this frequently occurs 
at regions of high dislocation density hindering 
nucleation.
2.4.6 Primary Recrystallisation in Supersaturated Solid 
Solution Alloys
The post deformation annealing behaviour of supersaturated 
solid solutions is complicated by the possible interaction of recrystalli­
sation and simultaneous precipitation. The number of instances in which
tn iS  S p e c II 1C S lCU^llO U  Llclfcj UtiCU Utixxuci.ctuci^ Iiiv c s t.ig d tc u  j.o oaua.j u , cu_
though it may have arisen unintentionally during the study of solid solu- .
tion alloys in which there is pronounced temperature dependence of the
solubility limit. Nevertheless, information on this topic'is derived from
studies of aluminium alloys HQ )  ^ copper-based alloys , nickel
alloys and several ferrous alloys HI)  ^ These results have been
(110 112 132-135)interpreted by Hornbogen and his associates * ’ on the basis
of the following three kinetic possibilities:
i) At the recrystallisation temperature, precipitation does 
not occur, and the alloy behaves as a solid solution.
ii) The incubation period for precipitation is longer than for 
recrystallisation, and hence the alloy recrystallises as a 
solid solution, followed by precipitation. In this case, 
the precipitation incubation period would decrease with 
increasing solute supersaturation, whilst the incubation 
period for recrystallisation decreases with increasing 
prior deformation, although increasing the dislocation 
density may cause mutual interference between precipita­
tion and recrystallisation processes.
iii) The incubation period for precipitation is less.than for 
recrystallisation, and the precipitates interfere with 
nucleation and growth of recrystallising grains.
In the last case, the deformation dislocation redistribution on annealing 
will be affected by the precipitate. The extent of this effect will gov­
ern the ease of formation of recrystallisation nuclei. This modification 
could take one of two forms, namely, either a pinning action by the preci­
pitate on the formation and development of the subgrain structure (which 
would decrease its effect as the temperature increases), or alternatively, 
the occurrence of preferential precipitation to such an extent at regions 
of high dislocation density, that it will modify their form, so prejudic­
ing their operation as sites for the formation of recrystallisation nu­
clei. In the latter case, the nucleation stage of recrystallisation would 
not just depend on "unpinning" but on the availability of alternative nu­
cleation sites. Both of these possible mechanisms have been described by 
Hornbogen as "discontinuous recrystallisation." Another fundamentally 
different possibility is described by Hornbogen as "continuous recrystal­
lisation" which is discussed in Section 2.6.2.
The precipitate particles also exert a retarding force on 
the migrating boundaries and hence reduce the growth rate, the hindrance
increasing as the temperature decreases. A.more detailed review of this
(136 137) (3)
aspect may be found in Koster * and in Cotterill and Mould
2.4.7 The Recrystallised Grain Size
It is generally considered that recrystallisation is com­
plete when all the expanding recrystallisation regions have impinged upon 
each other, thereby eliminating all the previous cold worked structure.
At the instant of this mutual impingement, the grains are the minimum size 
for the particular alloy, prior deformation and and annealing conditions.
It can be seen, therefore, that the minimum grain size is a function of 
the rate at which recrystallisation nuclei are formed and the rate at which 
their boundaries can migrate to consume the deformed structure.
Assuming no interference with nucleation, its rate will 
increase with increasing deformation, whilst it is largely unrelated to 
the annealing temperature. Conversely, the growth rate is temperature 
dependent, however, for strains in excess of about 15%, shows no signifi­
cant dependence on the prior deformation. Hence, it can be seen that in­
creasing the deformation reduces the as-recrystallised grain size, whilst 
increasing the temperature increases the rate of recrystallisation.
Thus it can be seen that any factors which affect the 
nucleation or growth rate will be reflected in the recrystallisation 
characteristics of the material and hence in its final grain size. These 
effects were summarised in Burke and Turnbull’s Laws (see Section 2.4.3). 
These laws assume that there is sufficient deformation to provide a struc­
ture in which nucleation can occur. Thus, the limiting case is at the 
"critical strain" which results in the maximum possible grain size for 
the conditions, referred to as the "critical grain size." This minimum 
strain varies for various metals and is affected by their solute content 
(see Section 2.4.4), e.g. in Hiduminium RR58 magnesium is known to have a 
marked effect^^^\ Zakharova and c o - w o r k e r s h a v e  found that 
critical strain effects in pure aluminium are anisotropic in nature, the 
degree of anisotrophy decreasing as the temperature increases; and they 
also found that for strains below the critical value, softening occurred 
by a stable form of polygonisation without recrystallisation. In addition, 
Williams and Eborall^^^ found that in aluminium alloys the value of the 
critical strain increased as the prior deformation grain size increased.
2.5 Grain Growth
2.5.1 General Principles of Normal Grain Growth
In general, grain boundaries are of a higher energy than 
grain interiors. Thus a further reduction in overall internal energy, 
over and above that associated with primary recrystallisation, can be ob­
tained if the boundaries surrounding recrystallised grains continue to 
migrate outwards. This produces a structure containing a smaller number 
of enlarged grains, with an associated reduction in total grain boundary
area. Normal (sometimes known as continuous) grain growth is the situa­
tion in which the process occurs consistently throughout the sample, thus 
preserving a uniform, but increasing, grain size. Abnormal grain growth 
(also known as grain coarsening, discontinuous grain growth, or secondary 
recrystallisation) is the situation which arises when migration during 
grain growth is restricted to a small number of boundaries, thereby pro­
ducing a non-uniform structure in which a few grains become extremely 
large at the expense of the remainder.
The mechanism of grain boundary migration during grain 
growth is fundamentally similar to that which occurs during the growth 
stage of primary recrystallisation. The process, therefore, shows a 
similar sensitivity to the influence of such structural variables as 
solute a t o m s 1“*0), dispersed second phase particles (see
Section 2.6.5), etc. However, the rate of grain boundary migration dur­
ing grain growth is considerably slower than that which occurs during 
primary recrystallisation since the driving force is much l e s s ^ " ^  . A 
further fundamental difference between the two processes is that the 
direction of grain boundary migration during grain growth is towards the 
center of curvature of a boundary segment, whereas in primary recrystalli- 
sationj migration is away from the center of curvature of the expanding 
recrystallisation region. The necessary adjustments for this type of 
boundary migration in grain growth have been shown by S m i t h ^ ^  159) 
result in a jerky motion. McLean^*^ has shown that in the idealised 
condition the shapes of grains would be a compromise between the laws of 
surface tension equilibrium and the requirements of space filling, i.e.
under equilibrium conditions, grain shapes will be such as to give the
minimum total interfacial free energy which is compatible with each 
grain fitting perfectly between its neighbours. Thus, for equilibrium 
between grain boundary tensions, the boundary angles will be as specified 
below:
TS(1) = yg(2) = Ta(3) _ (5)
Sina^ Sina^ Sina^
where, Yg^y» Y g ^ ) ’ ^g(3) are t l^e sPecl^lc interfacial energies of grain 
boundaries meeting at a triple point, and a.., a«, a,,, are the appropriate 
dihedral angles'<161> 162).
In a single-phase metal, where grains have similar inter­
facial energy and tension values, the angles will be close to 120°; also, 
the basic theories of grain growth assume that the grain shapes conform 
to Kelvin1 s tetrakaidecahedron of minimum a r e a ^ ^ ’ ,
A considerable amount of detailed work has been performed
on grain growth, and is reyiew:ed comprehensively by Cotterill and Hould  ^ ^ .
The principal features of grain growth, were summarised by Burke and Turn- 
C67)
bull in 1952, and their six observations remain largely unchanged:
i) Normal grain growth occurs by the migration of the 
boundaries which surround the expanding grains, and
not by the coalescence of neighbouring grains .
ii) The progress of grain boundary migration is discontinuous 
or jerky, i.e. the rate of migration of any particular 
boundary is not constant in a series of successive or 
subsequent heating periods, and the direction of migra­
tion may change from time to time.
iii) A given grain may grow into a neighbouring grain on one 
side whilst simultaneously being consumed by a different 
neighbour on another side.
iv) The rate of consumption of a grain frequently becomes 
more rapid just as the grain is about to disappear.
v) A curved grain boundary usually migrates towards its 
center of curvature.
vi) Where grain boundaries in a single-phase metal meet at 
angles different from 120°, the grain included by the 
more acute angle will be consumed, with the result that 
all angles tend towards 120° as grain growth proceeds.
There has been much work performed on defining the kinetics
(157-159, 165-173) „of gra m  growth with various theoretical interpretations
of experimental observations. All of these describe the phenomenon that 
for a given annealing temperature there is a limiting maximum grain size 
for the particular metal, composition and phase structure. This is often 
described as the ’’ultimate grain size” and its occurrence was Jrst recog­
nised by Jeffries and Archer in 1 9 2 4 .  The phenomenon is attributable 
to the driving force for growth decreasing steadily as the grain boundary 
area per unit volume decreases with increasing grain size. At a particu­
lar annealing temperature, the rate of growth, therefore, decreases with 
increasing time, effectively becoming zero when the residual grain boun­
dary interfacial energy is no longer sufficient to act as the driving 
force. Increasing the annealing temperature increases the grain boundary 
mobility and hence the migration rate for any given driving force. Thus, 
a larger ultimate grain size may be achieved by raising the annealing tem­
perature. Point (i) of Burke and Turnbull’s Laws has now been adapted to 
take this into account .
It should finally be noted that a planar section through 
a three-dimensional grain structure will not provide exact information as
to the size of each grain. This is because the section will pass through 
grains in positions varying from their "pole" to " e q u a t o r " . Thus,
Hull and H o u k ^ ^ ^  found that in a structure where all grains had the same 
shape and volume, the ratio of the largest area to the average area seen 
in the section would have a definite value, which varies with the exact 
grain morphology, but in the idealised case is approximately'1.8:1. This 
method for estimating the average grain size, however, does not take into 
account the actual variation in three-dimensional grain s i z e ^
2.5.2 Grain Growth Inhibition
In addition to the attainment of an inherent "ultimate 
grain size", normal grain growth may be limited by a number of different 
structural factors: principally, the presence of solute atoms, second
phase particles, preferred orientation textures, and in the case of wire 
or strip, specimen thickness. Of these factors, only the effect of second 
phase particles will be discussed in any detail (see Section 2.6.5).
Whilst they are not included in this survey, the existence of the other 
factors should be noted as they can be of interest in some particular 
aspects of grain growth. The ability of solute atoms to inhibit the pro­
gress of normal grain growth has already been mentioned (see Section 2.5.1).
The behaviour observed 150) s m^ ^ ar to tke effect on the growth stage 
of primary recrystallisation (see Section 2.4.2). A number of theoretical
explanations for this effect are based on the concept developed by Lucke
(86) (91 182 183)
and Detart which has been subsequently modified several times ’ *
Experimental evidence^^* indicates that the solute drag responsible
for grain growth inhibition falls in the "low velocity" category (i.e. 
below the critical breakaway velocity (see Section 2.4.4)), where the 
drag increases rapidly with'boundary velocity but decreases with increas­
ing temperature. A review of grain growth inhibition mechanisms and re­
lated topics such as abnormal grain growth may be found in Cotterill and 
Mould ^  .
2.6 The Influence of Dispersed Incoherent Second Phase Particles
2.6.1 The Effect on the Cold Worked Structure
2.6.1.1 General Aspects
The presence of a dispersed second phase during 
deformation markedly affects the mechanical behaviour of the metal and 
hence the microstructure after cold work. The resulting structure is 
more complex than in a single phase material since the dispersed particles 
act as additional sources of dislocations, as well as hindering the move­
ment and alignment of dislocations. The size and spacing of the particles 
and the nature of the interface with the matrix phase determine the extent 
to which the dislocation distribution after cold work is affected.
If it assumed that the second phase particles are 
separate, relatively undeformable, constitutionally stable and in a primary 
matrix of deformable phase, then the mechanisms involved on straining the 
system were summarised by A s h b y a n d  subsequently modified by Humphreys 
and Stewart who considered a two-dimensional model (Figure 9). In
this model, if the matrix containing the particle as shown in Figure 9(a) 
is sheared, the resulting discontinuity in strain between the two phases 
is accommodated by the formation of Orowan loops (Figure 9(b)). These 
loops produce high local stresses, and as the particle will not deform 
to the shape shown in Figure 9(c), then at strains above 1%, plastic relaxa­
tion will have to occur in the matrix. This implies a movement of material 
from the matrix regions, A, in Figure 9(c) to regions B. Alternatively, if 
the particle matrix interface is weak, then voids may be formed at B.
It has been postulated by Humphreys that
this matrix accommodation may be achieved by two possible mechanisms.
These may be summarised as follows:
i) Prismatic loops: The transfer of matrix may be 
accomplished by the generation and movement of 
prismatic loops on the primary or secondary slip 
s y s t e m s , as shown in Figures 9(d) and 
9 (e) respectively. Hirsch^^^ noted that these 
mechanisms are likely to become more difficult with 
increasing strain and particle size. Experimental' 
o b s e r v a t i o n s w o u l d  tend to confirm this (Figure 
10) .
ii) Rotational structures: As an alternative, matrix 
accommodation can be achieved by locally rotating 
an appropriate portion of the matrix about an axis 
perpendicular to the primary burgers vector. A ro­
tation of this type, as shown in Figure 9(f), has 
been p r o p o s e d -^1) but bas not been detected 
experimentally. The rotation of Figure 9(g) (which 
is in the opposite sense), has been found in f.c.c.
m e t a l s -^3) t including an aluminium silicon 
(193)alloy . Unfortunately, investigation of these
structures has been confined to very low tensile
strains, but there has been some work on greater
(194)
strains at large particles. Russell and Ashby 
found rotations of up to 9° at 0 T plates in aluminium 
at a shear strain of 0.2. Gawne and H i g g i n s f o u n d  
a mean misorientation of 14° near 0.7 micron carbide
particles in iron rolled 65%, and Humphreys 
measured rotations in the order of 30° at 4 micron 
diameter silicon particles in aluminium rolled 60%.
The absence of detailed data in this field attests 
to the difficulty in obtaining diffraction data 
from very small volumes of material; however, it 
would appear from the available data that particles
in excess of about 0.2 microns in aluminium will be
associated with lattice rotation even at low strains.
It can thus be seen that the effect of a
dispersed second phase particle on the cold worked 
structure will largely depend upon its size, and 
that for aluminium, a particle below about 0.1.
microns will have a different effect to one above
0,2 microns.
2.6.1.2 The Effect of Fine Dispersions
In this case, the classification "fine" refers 
to incoherent particles which do not cause localised lattic rotations. 
Generally, for this to happen the particle diameters are below 0.1 mi­
crons, although sometimes particles as large as 0.3 microns in diameter
may behave in a similar manner. It has been established that the effect
of these fine particles on cold working is to inhibit the formation of a
cell structure; thus a higher strain is required for the onset of cell
formation. This generates a finer and more diffuse cell structure for 
any given strain than would be the case for a particle free alloy corre­
sponding to the matrix phase alone. Hence, the distinction between cell
walls and the cell interiors becomes less clear, ultimately leading to a
virtually uniform dislocation distribution, for which the concept of cell 
structure becomes less applicable as the particle size and/or spacing de­
crease. This has been reported in a wide range of alloys, whether preci­
pitation hardening or internally oxidised (work having been done by
(98 99)
Humphreys and Martin on copper-cobalt and copper-silica * , Brimhall
et al in copper-alumina and s i l v e r - m a g n e s i a , Rollason and Martin on
.... (199, 200) ■ . (201, 204, 210Kcopper-silica , and other workers * ).
2.6 .1.3 The Effect of Coarse Particles
In this case, the classification "coarse" 
refers to particles which are associated with large lattice rotations on 
deformation, i.e. particles in excess of 0.2 microns in diameter. Gener­
ally, these widely spaced, incoherent particles tend to act as dislocation 
sources and to promote the formation of a well-defined cell structure.
The resultant overall dislocation density for any given strain is thus
higher than would be the case for the matrix phase alone. Also, particu­
larly high dislocation densities would he found within the matrix phase 
at particle/matrix interfaces . This may be modified as the particles 
become more closely spaced, for there is some evidence^^^ that at low 
strains pairs of particles may form joint deformation zones. Usually, 
however, large particles exhibit large misorientations even for small in­
terparticle spacings^^* 205)^
It should be noted that the total dislocation 
density produced by any significant deformation of a coarse particle 
alloy is not substantially different from that which would be obtained 
in a similar fine particle a l l o y H e n c e ,  the stored energy (or 
driving force for any subsequent annealing mechanism) is the same for 
both types of alloy. Thus it can be seen that, except at the lowest 
strains, the major influence of the particles on the deformed structure 
is on the distribution of the dislocations rather than on the total dis­
location density.
2.6.2 The Effect on Recovery and Nucleation
2.6.2.1 General Aspects
The effect of particles on recovery and any sub­
sequent nucleation is twofold; not only do the particles affect the nature 
of the dislocation structure as a result of working, they also interfere 
with the recovery processes. This assumes that the particles were present 
during deformation, which is generally the case; however, there are numer­
ous examples where precipitation occurs at the annealing temperature. In 
this situation, the particles are invariably fine, and if precipitation 
occurs before or during recovery or recrystallisation, then their major 
influence is a hindrance of the softening mechanisms.
The effects of these alternative mechanisms are 
discussed in the following sections.
2.6 .2.2 The Influence of Coarse Particles
It is generally the case that this type of par­
ticle is present during deformation and, as discussed in Section 2.6.1, 
they tend to cause large localised lattice rotations. It is found 
206, 207) tkat nucieation occurs at a pre-existing subgrain within the 
deformation zone of the particle, although the subgrain is not always at 
the particle/matrix Interface. The subgrain grows by rapid sub-boundary 
migration until the deformation zone is consumed, and thereafter may 
either grow into the matrix, remain as a small grain at the particle, or 
collapse back towards the particle.
This annealing behaviour has been explained 
schematically by Humphreys in terms of a diagram as in Figure 11.
This shows a particle with a deformation zone of high orientation gradient, 
surrounded by a matrix of lower dislocation density. On annealing, the 
structure will tend towards equilibrium, and assuming that a recrystallised 
grain originating elsewhere does not consume the structure, then one of the 
following possibilities may occur:
i) One or more of the large subgrains in the matrix 
(e.g. A in Figure 11a) or at the periphery of the 
deformation zone (e.g. B) could grow into the zone 
driven by the higher dislocation density within, 
leaving a structure containing larger subgrains, 
but no high angle boundaries (Figure lib) . This 
process, which has not yet been observed, would be 
slow as it involves the migration of low angle 
boundaries.
ii) A subgrain within the deformation zone (e.g. C) 
could grow, consuming the zone, resulting in a 
small grain at the particle with a high angle
boundary (Figure 11c); this mechanism has been
, .(196)observed
iii) The small grain thus formed will not continue to 
grow into the matrix, unless the driving force due
("187)
force due to the curvature, R, of the boundary ,
to the stored energy, E, in the matrix, exceeds the 
 
2o
R > ^ ± -  -  (6)
where a, is the grain boundary energy. Alternatively, 
b
if the matrix has a recovered substructure with sub­
grain diameter, S, and sub-boundary energy, ag, then 
the condition for growth is
2a,  S
- (7)
s
If the radius of curvature of the nucleus is 
taken to be equal to that of the particle, r, then a 
critical particle radius results at R = r, below which 
nucleation will not be particle stimulated. It should 
also be noted that if E decreases, say by recovery me­
chanisms, then the nucleus may well collapse back to 
the particle. Substituting reasonable values for the
(187 \
material parameters leads to a value for critical 
particle radius, depending on E (i.e. strain) in the
order of 0.5 to 2 microns. Thus, it can be seen 
that the particle size at which nucleation occurs 
is considerably larger than that necessary to cause 
lattice rotation, this having been verified experi­
mentally as shown in Figure 1 2.
2.6.2.3 The Influence of Fine Particles
In these alloys, as there is suppression of the 
cell structure and reduced local lattice curvature, the. formation of sub­
grains is greatly inhibited. Consequently, any possible subgrain devel­
opment and ensuing nucleation is limited to those sites that would be 
found in single phase materials. The development of subgrains at those 
sites is further hindered by the general lack of lattice curvature; this 
prevents the expanding subgrain from rapidly increasing in misorientation, 
as it accumulates little misorientation on consuming the surrounding dif­
fuse cell structure. This and the low mobility of the resulting low angle 
boundaries, in combination with the. Zener drag, produces a situation where
any subgrains that are formed do not grow to consume their environment.
(208 209)
Nes * has proposed a theory (taking account of the Zener drag at
sub-boundaries) which predicts a decreasing nucleation rate with an in­
creasing volume fraction of particles, or with a decrease in their size.
A different situation has been outlined by
(110, 136, 137)
Koster in which precipitation occurs before, or during,
annealing. He describes two possible modes, which were first identified 
by H o r n b o g e n , who termed them as "discontinuous" and "continuous" 
recrystallisation. The former mechanism is basically a description of 
the occurrence of normal primary recrystallisation, despite the hindering 
effects of the meta-stable supersaturated matrix, and as such was dis­
cussed in Section 2.4.4. The mechanism termed as "continuous" recrys­
tallisation, however, is a fundamentally different method of softening 
in which it is assumed that the retarding force due to precipitation on 
dislocations, solute effects, etc. is sufficient to prevent the formation 
of a grain boundary capable of migration. In this case, the annealing 
out of defects would be controlled by the formation and resolution of 
precipitated particles. This behaviour has been confirmed in electron 
microscopy studies where the further rearrangement of dislocations is 
observed to be controlled by the dissolution of small particles and growth 
of large particles, resulting in the unpinning of dislocations or disloca­
tion groups. Hornbogen’s schematic representation of this process is 
shown in Figure 13 where the mechanisms involved are described by subgrain 
coalescence or Y-node motion. As soon as a particle at a dislocation node 
dissolves (usually aided by pipe diffusion), these dislocations can migrate,
and a subgrain boundary can anneal out. As this process proceeds at other 
nodes, the defect-free areas and the angles between them increase. Growth 
can proceed when the dislocation networks assume the character of grain 
boundaries. This process, without any migration of recrystallisation 
fronts, finally leads to a completely recrystallised structure, differing 
from the "discontinuously11 (i.e. nucleation and growth type) recrystal­
lised structure, only in the texture and the distribution of the grain 
size and particles.
An example of similar but slightly different be­
haviour was reported by Morris and D u g g a n w h o  investigated a cold 
rolled supersaturated A1 1.8% Mn alloy. After annealing, the structure 
consisted of coarse primary intermetallics in a matrix stabilised by 
copious precipitation on subgrain boundaries. On further annealing, pre­
cipitate dissolution occurred around the coarse particles, the solute 
moving by pipe diffusion to the coarse particles, thus allowing nuclea­
tion by subgrain growth. They also found that growth of the nuclei was 
not prevented by the surviving fine precipitates.
2.6.3 The Effect on Primary Recrystallisation
2.6 .3.1 General Aspects
Despite the fact that most commercial alloys 
contain dispersed, second-phase particles, detailed research on the 
specific effect of such particles on the recrystallisation process has 
predominately been confined to the past twenty years. The theoretically 
idea dispersion alloy would be considered to contain separate, relatively 
undeformable particles within a metallurgical^ continuous matrix of 
primary deformable phase, under conditions of thermal stability, regard­
less of the composition of the dispersed particles. In these circum­
stances, the overall recrystallisation characteristics would be expected 
to reflect the influence of the second phase particles on the behaviour 
of the matrix phase. Hence, ideally, any meaningful analysis should be 
based on a comparison of the behaviour of a two-phase alloy, with that 
of an alloy having the same composition and grain size as the matrix 
phase within the dispersion alloy. Unfortunately, however, this is not 
always the case. There are many examples in the literature of disper­
sions which lack thermal stability or mechanical integrity. The former 
case will lead to precipitation or dissolution of particles at the re­
crystallisation temperature, whilst the latter can lead, in extreme cases,
to a marked refinement of the dispersion, which can ultimately completely
(211)
alter its effect on the recrystallisation characteristics
In principle, dispersed particles may influence 
the recrystallisation of the alloy in either, or both, of two ways.
Firstly, by their effect on the defect structure and associated energy 
distribution of the alloy during cold work (see Section 2.6.1); second­
ly, by modifying the ease of formation and growth of recrystallisation 
nuclei within any given deformed structure. The effect of dispersed 
particles on the general nature of nucleation has been discussed in 
Section 2.6.2 where the processes described require the rearrangement 
of’the subgrain structure. If this rearrangement of the subgrain boun­
daries is subjected to the possibility of constraint by the dispersed 
particles, in a manner similar to their effect on the migration rate of 
high angle boundaries, then nucleation is inhibited.
Once the nucleus is formed, it must grow for
recrystallisation to continue, the rate during primary recrystallisation,
r v • •» (212)G, being given by
G = mIP - (8)
where m is the mobility of the boundary
(212)
P is the forcesacting on the boundary .
(213)
Zener studied the effect of particles on the boundary migration rate.
He postulated that the maximum retarding force per unit area of the mi­
grating boundary, (U ), is given by the expression:
P
U = n irr y - (9)
P P P g
where n^ is the number of particles per unit area of boundary
r^ is the mean particle radius
y is the specific boundary interfacial energy, 
g
By making approximations, it is possible to rewrite the equation as:
3F y
u = - (10)
p zr
P
where F^ is the dispersed particle volume fraction.
Wold and C h a m b e r s h a v e  shown that, in gen­
eral, the average restraining force is half that suggested by Zener and
that disc or needle-shaped particles, with axial ratios of up to 2 , have
a similar locking effect to spherical particles. A sophisticated version
of ZenerTs formula was derived by Hillert^"^, and this was applied to ex­
perimental data concerning subgrain growth in iron from Smith and Dilamore 
(216). Thus, although Zener’s work was originally developed for grain
growth., it is applicable to primary recrystallisation. The principals 
difference, however, is that the driying force for recrystallisation 
(.the stored energy associated with cold work) is made much higher than 
the driving force for grain growth Cthe reduction of grain boundary area).
A secondary difference is the progressively declining nature of the driv­
ing force, due to the simultaneous recovery processes occurring during 
recrystallisation. In general, therefore, the effects of the particles 
are unlikely to completely halt the migration of the boundary, but its 
rate may be significantly retarded.
It would therefore be expected that variations
in the recrystallisation behaviour of dispersion alloys are a function
of variations in the dispersoid size and spacing. The particle size
usually can be specifically defined, either as a single size or as a
range of sizes; whereas, the spacing can have any one of several values,
depending upon the definition and the formulae which are used as the
basis for its calculation. This topic has been reviewed for the full
(217—219)
range of possible structures by Underwood , whilst its implica­
tions in relation to the study of recrystallisation have been discussed
(3 220-225}
in detail by Cotterill and his co-workers ’ .
In practice, the interparticle spacing is cal­
culated in two stages. Firstly, data obtained from direct observations 
of an alloy’s microstructure is used to calculate the average size of the 
particles and the total volume fraction which they occupy. Secondly, 
these values are substituted into a further formula in order to calculate 
the average interparticle spacing. The first step makes no assumptions 
about the nature of the particle distribution (although some approxima­
tions are made for calculating the average radius in the case of non- 
spherical particles); the second step, however, makes assumptions which 
are intrinsic to the formulae applied. These formulae make assumptions 
as to the particular description of the spacing and on the nature of the 
distribution of particles within the alloy.
Two basic spacing descriptions are in use: namely,
the ’’mean free path” (which is the average distance between the edge of
any given particle and the edges of all of its neighbouring particles)
and the ’’nearest neighbour distance” (which is the average distance from
any given particle to its single nearest neighbour, for which both center-
(226)
to-center and edge-to-edge versions are in use). Fullman’s formula 
for. the mean free path, makes no assumptions about the nature of the 
distribution of the particles within the alloy. There are, however, 
several different formulae for the calculation of nearest neighbour dis­
tance, each of which is based upon different spacial distribution assump-
tions, the nature of which, is reflected in the mathematical form of the 
formulae. Consequently, for a given alloy, a yariety of numerically dif­
ferent spacing values can he determined, each characteristic of the method 
of calculation. An example of this, for an alloy with spherical particles 
of mean radius 0.5 microns, is shown in Figure 14.
The recrystallisation behaviour of different 
alloys should therefore be compared on the basis of a single spacing 
evaluation in order to eliminate the possibility of differences arising
from the method of calculation rather than from differences arising from
(225)
the microstructure. Corti and Cotterill have suggested that the
center-to-center, nearest neighbour distance, calculated on the basis of 
three dimensional random particle distribution is the most appropriate 
evaluation in this application for the following reasons:
a) The particle distribution in practice is likely to be random 
rather than cubic.
b) The formation of a recrystallisation nucleus is a three 
dimensional rather than two dimensional process.
c) The controlling factor for nucleation is likely to be the 
distance between a particle and its nearest neighbour, since 
this determines the volume of matrix phase in which a nucleus 
can be formed.
Thus, Corti and Cotterill based their interpre­
tation of the recrystallisation data on a formula for random particle
/ 227 \ (2 2 8)
distribution which was derived by Hertz and Chandrasel^r , where
the center-to-center, nearest neighbour distance for a random three di­
mensional array, , is expressed as:
A,,D. = 0.554 n"1/3 - (11)
3(R) v
where is the number of particles per unit volume, For spherical
particles of radius, r, equation (11) can be modified as follows:
a3(r) = °-554 r ( j t r ) ' ~ a2)
where is the particle volume fraction.
It should be noted, however, that this equation
is limited to a volume fraction of 0 .1 , after which , becomes less
(229
than the particle diameter. Bansal and Ardell * 230) attempted to 
overcome this deficiency, but their analysis is only valid for a disper­
sion of uniform spheres. This type of problem has led some workers 
to advocate the simplistic f/r parameter, where f is the volume fraction 
and r is particle radius. Use of the f/r ratio is only consistent for a 
particular dispersoid size as it is not uniquely a function of spacing.
2.6.3.2 The Influence of Interparticle Spacing in 
Alloys Containing Coarse Particles 
As has been discussed in Section 2.6.1.3, the 
presence of comparatively coarse particles leads to the enhancement of 
the deformation cell structure and to the formation, in the matrix phase, 
of relatively high dislocation density regions at the particle/matrix 
interfaces. The nature of this situation is such that it would be ex­
pected to favour the formation of recrystallisation nuclei, providing 
that the nucleation can proceed in an uninhibited manner, i.e. contin­
gent upon the particle spacing. The precise correlation between spacing 
and the ease of nucleation, however, was only established after many dif­
ferent studies on a number of alloy systems. Of these multitudinous in­
vestigations, two studies were of particular importance in developing the 
current understanding of this topic.
(231 232)
The first was that of Doherty and Martin * 
who were studying the isothermal recrystallisation characteristics of over­
aged aluminium/copper alloys containing particles with diameters in the 
range of 0.5 to 1.5 microns. They found that the time taken for speci­
mens deformed by 60% to obtain 50% recrystallisation at 305°C increased 
markedly as the interparticle spacing decreased, this superficially ap­
pearing to be an opposite effect to that observed by Martin in some
(233)
earlier work on copper/silica alloys . Also, it seemed to be incon-
/  A ^ /  A  A  /  \
sistent with results reported by other workers , although this
observed retardation was likewise noted in aluminium copper alloys by
(237)
Stepnova and Magilevskaya . This retardation phenomenon had been 
used commercially for some time. An example is S.A.P. (sintered alu­
minium powder) where it was known that the resistance to recrystallisa­
tion could be increased by increasing the amount of fine alumina disper­
sion to the extent that full recrystallisation could be prevented even 
after 24 hours at 575°C following cold deformations of over 80%.
To further investigate the mechanism by which 
recrystallisation was inhibited, Doherty and Martin calculated the 
apparent nucleation rate (defined as the ratio of the number of recrys­
tallised grains per unit volume to the time for completion of recrys­
tallisation, usually denoted by N*) and the apparent growth rate (defined 
as the ratio of the average radius of the recrystallised grains to the 
time for completion of recrystallisation and is usually denoted by 6 ’). 
These values are not the same as the conventional values of nucleation 
rate, N, and growth rate, G, but are not seriously in error for compara­
tive purposes. By correlating the time to attain 50% recrystallisation, 
Doherty and Martin concluded that the retardation of the overall recrys­
tallisation process was controlled by the nucleation stage rather than 
the growth stage for both single crystals and polycrystalline specimens.
The second investigation of keystone importance
(.220)
to the understanding of this field was that of Mould and Cotterill 
who executed a systematic study of the effect of stable second phase FeAl^ 
particles on the recrystallisation characteristics of an aluminium/iron 
alloy. The particles were in the range of 0.66 to 1.1 microns, i.e. 
similar to those occurring in Doherty and Martin’s work on aluminium/ 
copper alloys. This work revealed that increasing the particle content 
for a constant matrix grain size led to a reduction of the temperature at 
which recrystallisation is completed, with little or no effect on the 
temperature at which recrystallisation commenced (Figure 15) . This meant 
that the temperature interval occupied by the recrystallisation process 
decreased as the particle content increased. Similar trends were also 
found for isothermal annealing, in which case the "apparent nucleation 
rate" (as defined by Doherty and Martin) increased as the particle con­
tent increased (at constant matrix grain size), whereas, the growth rate 
was relatively unaffected by the particle content. Supplementary metal- 
lographic analysis showed that for any given amount of recrystallisation 
the number of nuclei increased considerably with increasing particle con­
tent, and that reductions in the original matrix grain size led to far 
greater increases in the number of nuclei at low particle content than 
was the case for high particle content.
Mould and Cotterill then combined their own data 
for accelerated recrystallisation with that of Doherty and Martin for re­
tarded recrystallisation, this being possible as cognate alloys had been 
used in both studies, i.e. aluminium alloys of comparable matrix grain 
size, containing particles of approximately similar size, which had been 
given equivalent deformation and annealing treatments. The amalgamated 
data from both studies revealed a correlation, as shown in Figure 16, 
from which the Mould and Cotterill model of interparticle spacing depen­
dent recrystallisation was developed. In this model, the change from 
accelerated recrystallisation to severely retarded recrystallisation 
occurs in three distinct stages (Figure 16), each having its own charac­
teristic type of kinetic behaviour.
At wide spacings, recrystallisation is likely 
to be dominated by the behaviour of the matrix phase per se, with the 
nucleation rate being only slightly enhanced by the relatively few par­
ticle matrix interfaces. Hence, the overall recrystallisation charac­
teristics are akin to those of the matrix phase alone and are predomi­
nantly influenced by the original matrix grain size. As the inter­
particle spacing is decreased, however, the proportion of nucleation which 
occurs at regions of high lattice curvature caused by particle/matrix in­
terfaces becomes greater in comparison to that elsewhere in the matrix 
phase. Hence, increasing the number'of particles increases the overall 
nucleation rate. As the expanding recrystallisation regions will, in 
general, impinge on each other within the matrix phase, before coming into 
contact with other particles, the growth rate is not significantly changed.
The above trend, however, will only continue as
long as the particle spacing is sufficiently large to allow simultaneous
and independent nucleation at each particle. Eventually, a critical 
spacing is reached at which mutual interference is encountered. This
critical spacing, is when an embryo developing from a particle would
become a viable nucleus if allowed to develop in isolation, but would not 
be viable if nuclei embryos start developing at neighbouring particles.
This interference precludes the attainment of a viable size by the devel­
oping embryo. Consideration of the mechanisms involved in inhibiting 
nucleation (see Section 2.6.2.2) indicates that this first critical 
spacing, C^, should be approximately twice the subgrain diameter. Thus, 
subsequent increases in particle content, i.e. decreasing particle spac­
ing, will give rise to a decrease in the overall nucleation rate: viable
nuclei being formed at fewer and fewer particle/matrix interfaces. This 
trend is reflected in Figure 16. At spacings less than C^, the migrating 
recrystallisation boundaries have to move past particles which have not
been able to produce a viable nucleus. Thus, the mobility of the boun-
(213)daries will be reduced in the manner described by Zenerv ' (see Section
2.6 .3.1). The reduced nucleation rate, in. combination with the retarded 
growth rate, will therefore result in the overall recrystallisation rate 
decreasing, as compared with that in alloys of spacings just.greater than
Further increases in particle content produce a 
second critical spacing,^2 * ^e^ow the mutual proximity of the
particles can be expected to prevent the formation of any viable nuclei 
at particle/matrix interfaces. Consequently, nucleation will occur pre­
dominantly by grain boundary mechanisms (see Section 2.4.1.5). This 
second critical spacing, C2 > would be expected therefore to be roughly 
equivalent to the subgrain diameter in the deformed state (see Section
2.6 .2.2). At spacings less than C^j the growth rate will also be reduced 
drastically as the migrating recrystallisation boundary has to overcome 
the restraint of an increasingly large number of particles before im­
pinging on a similar migrating boundary. This, in conjunction with the 
severely curtailed nucleation rate, results in a dramatically reduced
overall recrystallisation rate (Jigure 16).
Since the .Mould and Cotterill model was origin 
nally postulated, it has been found to apply to a large variety of coarse 
particle, two-phase, alloy systems. Before the model may be applied, 
however, the interparticle spacing (I.P.S.) has to be defined on a con­
sistent, logical basis. The necessity for this has been shown* by Mould
, ' .,,(3) _ _ (98, 99, 198, 238-245) , . .and Cotterill . Some alloy systems * which ini­
tially appeared not to exhibit the recrystallisation behaviour predicted 
by the model, were found to have their interparticle spacings expressed 
in a misleading way, and recalculation of the data on a center-to-center, 
nearest neighbour, three dimensional, random array basis, revealed' that 
they were in good agreement with the model.
2.6.3.3 The Influence of Particle Size
It should be noted that the influence of inter- 
particle spacing discussed in Section 2.6.3.2 is only valid for particles 
that can be defined as "coarse” (see Section 2.6.1.3). The Mould and 
Cotterill model ceases to apply when the particle diameter is decreased 
to the size at which local lattice rotation is not caused, i.e. the "fine" 
regime (see Section 2.6.1.2). In this situation, a different cold worked 
substructure results, significantly influencing subsequent nucleation 
(see Section 2.6.2.3) and recrystallisation characteristics. A resultant
retardation or complete suppression of recrystallisation has been reported
. . (100, 188, 198-201, 204, 246-252) ' -
by many workers . I t  is now generally
accepted that the reason for this observed effect is the influence of
the modified cold worked structure on the nucleation stage. This has
been confirmed by work such as that of Humphreys and Martin, who studied
(188')
copper cobalt single crystals . They annealed their deformed speci­
mens at a high enough temperature (15 hours at 960°C) for the particles 
to be taken into solution; yet they found that this treatment caused 
little change in general dislocation distribution and did not lead to 
recrystallisation.
This transition from "coarse" to "fine" particle
behaviour, i.e. the change of annealing mechanism between recovery and
recrystallisation has been investigated by several workers. Ro11ason and 
(199 200)Martin * studied the recrystallisation behaviour of copper single
crystals containing silica particles having diameters which varied between
(3)*The Cotterill and Mould Survey includes 16 reports of recrystalli­
sation in 13 different alloy systems; many other reports were not in­
cluded as they did not contain sufficient data to enable the appro­
priate recalculations to be made.
0.12 to 0.8 microns. They found that specimens with, particles greater 
than 0.3 microns exhibited "coarse” behaviour; hence,: nucleation occurred; 
whilst below 0.3 microns the particles behaved as "fine" dispersions, and 
the alloy softened by recovery.
(253)
Subsequent work by Gawne and Higgins on ah
iron 0.4 wt.% carbon alloy showed that the carbide particles were only 
able to act as viable nucleation sites for recrystallisation if the par­
ticle diameter was greater than the subgrain diameter (in their case, 
approximately 0.5 microns). This conclusion was later supported by
Fitzpatrick and Cotterill1s work on the behaviour of thermally stable
(223)
aluminium-zirconium alloys ., A considerable number of investigators 
had previously reported the retardation of recrystallisation in this alloy 
system , but many of these failed to measure or describe the in­
terparticle spacing, whilst some dealt with thermally unstable phase dis­
tributions. The Fitzpatrick and Cotterill study, however, showed that 
the annealing characteristics of the alloy were particle size dependent: 
coarse particles (i.e. diameters greater than 3.1 microns) followed the 
acceleration and retardation sequences described by the Mould and Cotter­
ill model, whereas, finer particles (i.e. diameters less than 2.2 microns) 
retarded the recrystallisation process at all spacings, e.g. the alloy 
with the finest dispersion was not fully recrystallised after having 
been held at 375°C for a week, following an initial cold rolling reduc­
tion of 60%.
2.6 .3.4 The Influence of Particle Size and Spacing
It may be perceived from the discussion in the
foregoing sections that there is a complex relationship between particle
size, interparticle spacing and the annealing characteristics. This in-
(225)
terrelationship was summarised in a study by Corti and Cotterill 
who examined the behaviour of carbonyl iron containing randomly dispersed 
alumina particles in the range of 0.15 to 0.36 microns with spacings in 
the range of 0.5 to 1.0 microns. • The results of this investigation are 
shown in Figure 17, where it can be seen that alloys which had mean 
particle radii less than 0.27 microns behaved in a typically "fine" 
manner, and recrystallisation was retarded at all particle spacings^ 
whereas, alloys with mean particle radii in excess of 0.35 microns ex­
hibited a "coarse" type of behaviour, i.e. an interparticle spacing de­
pendence in keeping with the Mould and Cotterill model. A similar set 
of observations has been reported by Goodenow and H e l d ^ ^ ^  for steels 
containing titanium carbo-nitrite particles and by Gladman et a l ^ * ^ .
Consequently, the overall situation may be 
briefly summarised as follows:
i) Particles of a supercritical size (i.e. larger than the 
subgrain size according to Gawne and Higgins) will behave 
as "coarse" particles and will provide the conditions 
necessary for the formation of recrystallisation nuclei. 
Such alloys will, therefore, behave in the manner de­
scribed by the Mould and Cotterill model (i.e. recrys­
tallisation will be progressively accelerated as the 
interparticle spacing decreases from infinity to a criti­
cal value, below which recrystallisation will become 
progressively retarded, with an increased rate of re­
tardation in alloys where the spacing is decreased below 
a second critical value). See Sections 2.6.1.3, 2.6 .2.2,
2 .6 .3.2 and 2 .6 .3.3.
ii) Even at wide spacings, the effect of subcritically sized 
particles is to suppress the development of local lattice 
curvature during deformation, hence, restricting the 
nucleation and growth of recrystallised grains. Further­
more, as they become more closely spaced, then sub­
critically sized particles tend to produce a more uniform, 
though high density, dislocation distribution during cold 
deformation, without the localised areas of high lattice 
curvature which are needed for the formation of recrys­
tallisation nuclei. Therefore, recrystallisation can 
almost be completely suppressed in such alloys. (See 
Sections 2.6.1.2, 2.6 .2.3 and 2.6.3.3.)
2.6.4 The Influence of Dispersed Second Phase Particles 
on the Recrystallised Grain Size
It has been shown in the preceding sections (2.6.2 and 
2.6.3) that dispersed second phase particles can, by virtue of their in­
fluence on the cold worked structure (2 .6 .1), control nucleation, hence, 
dictate the nature of the recrystallisation process. As described in 
Section 2.4.7, any effect on these factors will be reflected in the size 
and uniformity of the recrystallised grains.
In the case of "coarse" particles (see Sections 2.6.1.3,
2.6 .2.2, 2.6 .3.2 and 2.6 .3.4), the Mould and Cotterill model may be used 
to predict the effect of the particles on the recrystallised grain size. 
At large interparticle spacings, nucleation and growth rates will be 
predominantly those of the matrix phase, being only slightly influenced 
by the enhanced nucleation due to the particles. Thus, a coarse, uneven 
grain size results. As the interparticle spacing is decreased, however, 
additional nucleation occurs at the regions of high lattice curvature
which, are formed at particle matrix interfaces. Consequently, increas­
ing the number of particles increases the overall nucleation rate. As 
the expanding recrystallisation regions will, in general, impinge on each, 
other within the matrix phase before coming in contact with other parti­
cles, the growth rate will not be significantly changed. The recrystal­
lised grain size, therefore, becomes progressively finer and more uniform 
as the particle content increases.
At the first critical spacing, Cp (see Figure 16) the 
recrystallised grain size will be at a minimum; below this critical 
spacing, the nucleation and growth rates begin to decrease with further
J
increases in particle content; thus the recrystallised grain size begins 
to increase again. When the interparticle spacing diminishes to less 
than the second critical spacing, C^j the nucleation and growth pro­
cesses are both drastically inhibited. Thus, as nucleation becomes pro­
gressively restricted to events at the original grain boundaries, the 
trend towards an increasing recrystallised grain size becomes more 
marked. This situation can result in a larger recrystallised grain size 
than would be obtainable from the matrix per se; hence, it can be seen 
that the addition of particles need not always refine the recrystallised 
grain size.
This "coarse" particle effect has been observed by a
(231 232)
number of workers including Doherty and Martin * and Corti and
/ a a ;  \
Cotterill . It may be summarised schematically as in Figure 18.
Conversely, the effect of "fine" particles is to reduce 
the nucleation and growth rates at all particle spacings (see Sections
2.6 .1.2, 2.6 .2.3, 2.6 .3.3 and 2.6 .3.4). Consequently, there is a re­
sulting increase in the recrystallised grain size compared to that which 
would be produced by the pure matrix for any given set of recrystallisa­
tion conditions. This type of behaviour has been- observed experimentally 
by Corti and Cotterill^^^ with their finer particle size alloys (Figure 
17>-
2.6.5 The Influence of Dispersed Second Phase Particles 
on Grain Growth
The nature and mechanisms of grain growth in single phase
alloys, as discussed in Sections 2.5.1 and 2.5.2 and as summarised by
Burke and Turnbull’s L a w s ^ ^  (see 2.5.1), may be considerably modified
by the presence of second phase particles.
The inhibition of grain growth by second phase particles 
(176 265 266)
was first outlined by Jeffries ’ * in sintered thoriated
(162
tungsten. It has since been observed in a wide variety of metals *
165, 267-276) . ... '  ^ „ -, including those which contain more than one type of par-
( 27 7 *-'28 2 V
tide . . The. main features of this form of inhibition have been
(291)
summarised by Beck, Holzworth and Sperry as follows;
i) When specimens containing dispersed particles are annealed
at a temperature below their solvus point, continuous
grain growth takes place only until a definite ultimate 
grain size is reached. The ultimate grain size is essen­
tially independent of the amount of prior deformation, 
but increases with increasing annealing temperature and/or 
decreasing amounts of dispersed phase. The grains pro­
duced by normal grain growth are smaller than in a par­
ticle-free specimen under similar conditions.
ii) If specimens with a considerable amount of dispersed
second phase are annealed at temperatures just below 
the solvus point, where part of the second phase is
dissolved and the remainder coalesces to a coarser
particle size, abnormal grain growth will occur.
iii) If specimens are annealed at temperatures such that
the dispersed phase is totally redissolved, normal 
grain growth is possible as in a typical single phase 
alloy.
The above observed features of particle induced grain 
growth inhibition have a variety of theoretical interpretations based on 
the assumption that the total boundary area, hence energy, is reduced by 
a particle being situated on a boundary rather than in the matrix phase.
The lowest energy state occurs when the boundary interacts a diametral
plane of the particle, but if the planar boundary begins to move away 
from the particle, the boundary distorts locally to a shape which gives 
the least increase in boundary area and, hence, energy. When the boundary 
eventually breaks away, however, a significant increase in overall inter­
facial energy arises, thus, the observed "pinning" influence of dispersed 
particles on boundary motion.
It can be seen, therefore, that grain growth will only 
continue in the presence of particles as long as•the potential release 
of interfacial energy, represented by the residual grain boundary area 
per unit volume, is still sufficient to provide the local increase in
interfacial energy required for particle boundary separation. This
(213)
situation was first formulated by Zener (see Section 2.6.3.1),
although this work has since been criticised and m o d i f i e d ^67, ^84 
286^
, however, the original theory remains qualitatively consistent with 
experimental observation in that the ultimate grain size increases with 
increasing temperature and/or decreasing particle volume fraction.
It should be noted that the situation will change if the 
particles have a tendency to "Ostwald ripening" at the annealing tempera­
ture, or as in the case of certain coherent particles, can be dragged 
along by the boundary, although the latter possibility is self-limiting 
due to the consequent accumulation of particles at the boundary.
The influence of the particles should inherently be con­
sidered in combination with any other factors affecting grain growth (see 
Sections 2.5.1, 2.5.2), such as preferred orientation texture, specimen 
thickness, etc.
Finally, it should also be noted that as second phase 
particles cause inhibition of normal grain growth, there will always be 
an increased tendency to "abnormal" grain growth, sometimes known as 
"secondary recrystallisation." This may occur after a period of normal 
grain growth where migration becomes restricted to a small number of 
boundaries, thereby producing a non-uniform structure in which a few 
grains become extremely large at the expense of the remainder. These 
stay unaltered until they are consumed. The driving force for "abnormal" 
grain growth is basically the same as for normal grain growth; however, 
due to the association with second phase particles, it is often linked 
with the concept of a grain coarsening temperature, whereby an increase 
in temperature is required to make the transition from the particle in­
duced inhibition of normal grain growth to the onset of abnormal grain
growth. The phenomenon has been particularly well investigated in steels
(281, 287-290) , . 1 . . .... (174, 175, 291, 292) _ ...and in aluminium alloys . I n  all cases,
normal grain growth was inhibited by the particle dispersion, but never­
theless a limited number of heterogeneously distributed grains were able 
to avoid the pinning effect of the dispersed particles and so grew ab­
normally. This inter-relationship has been analysed by H i l l e r t , 
Gladman^'^ and other workers, whilst the phenomenon of "abnormal"
a wh
(293)
(3)grain growth as ole has been reviewed by Cotterill and Mould and
Dunn and Walter
2.6.6 The Interaction of Mechanisms in Bimodal Dispersions
A large number of industrial alloys contain more than one 
type and size range of dispersed particle. There is copious information 
relating to the mechanical properties of such alloys, but currently very 
little is known about the influence of bimodal particle distributions on 
recrystallisation behaviour. Comparatively recently, however, two 
separate sets of investigations have been reported for the Aluminium- 
manganese system in which, by suitable manipulation of process and alloy 
variables, it is possible to have only coarse intermetallic particles 
present during cold work and then to precipitate a fine dispersion on
annealing, supposedly prior to any significant change in the cold worked 
structure. Although these studies were not strictly on totally "bimodal" 
alloys (as deformation occurred in the unimodal state), they led to some 
interesting conclusions.
(208 209)
The first of these investigations was by Nez * 
who put forward a model proposing that the number of viable nucleation 
sites would be limited by the fine precipitate. The mechanism by which 
this occurred was by one of "quasi-site saturation" where the precipitate 
limits subgrain rearrangement, hence nucleation to only the largest sub- 
grains. The work by Morris and D u g g a n ,  however, showed that the 
situation is more complicated than this model implies: firstly, because
the fine precipitates are not randomly distributed, secondly, the via­
bility of large particles to act as nucleation sites depends on the for­
mation of a precipitate free zone (P.F.Z.) around them. Once formed, 
these nuclei were observed to grow relatively unhindered, resulting in 
a large recrystallised grain size.
It can thus be seen that a better understanding of the 
mutual effect of co-existing large and small particles on the recrys­
tallisation process is required. The present investigation attempted 
to achieve this objective by studying the behaviour of Hiduminium RR58, 
a typical industrial alloy containing coarse intermetallics alongside 
finer particles of the precipitation hardening S phase. In view of 
the complexity of this alloy, a brief review of its physical metallurgy 
and production technology is given in the following section (2.7) prior 
to the investigation being described.
2.7 Hiduminium RR58
2.7.1 Constitutional Physical Metallurgy
Hiduminium RR58 is an aluminium based alloy containing 
copper, magnesium, silicon, iron, nickel and a small amount of titanium; 
small quantities of other elements are present as impurities, e.g. man­
ganese. This alloy was developed by High Duty Alloys of Slough, England 
(H.D.A.) during the Second World War for use in the manufacture of forged 
components for operation in gas turbine aero engines. The original de­
velopment work involved extensive research in order to define the opti­
mum composition to produce a combination of good creep resistance at 
175 - 250°C, together with good mechanical properties. The resulting 
alloy was given the designation Hiduminium RR58, also known by its 
Ministry of Defence code, DTD 5070, or when made in France under licence 
as A-U2GN.
The more recent use of the alloy, however, was in the 
airframe of the Concorde Super-Sonic Transport aircraft. In this
application, different problems were presented as this usage involved a 
longer service life (approximately 50,000 hours) at lower service tem­
peratures (in the region of 120°C to 150°C), during which creep must be 
avoided whilst properties such as strength, stiffness, toughness and 
corrosion resistance must be consistently maintained, despite the kinetic
heating and intermittent cooling to below 0°C, over a total period of at
(294)
least 15 years. Initial research for the Concorde project showed
that at the optimised composition (Table 1), the reduction in strength
2
at 130°C for 30,000 hours did not exceed 2 kg/mm and that the fatigue,
creep and crack propagation characteristics were stable.
The nickel, iron and silicon present in the alloy form 
(295)
stable intermetallic compounds , the most prevalent of which is the 
stable monoclinic phase Al^FeNi, which by virtue of the low solubility 
of iron and nickel in aluminium, undergoes practically no change during 
any normal thermal treatments. Under the optical microscope, particles 
of this primary constituent can be seen to be elongated in the deforma­
tion direction. The size of these particles varies from several microns 
to those which may only be seen by electron microscopy. The particles 
of this phase are sometimes found to encase particles of Al^Cu0Ni, which
o J
may also be seen as a separate constituent in the form of an occasional 
isolated spherical globule, several microns in diameter. The Al^FeNi 
particles are too far apart to cause considerable strengthening, but do 
result in a significant reduction in toughness. The rationale for their 
presence is to prevent the alloy grain size from exceeding 100 microns 
in diameter during heat treatment. Hence, the microstructure is a com­
promise between toughness and grain size control.
An intermediate grain size is preferred for RR58 rolled 
products since the creep strength increases with grain size, but the duc­
tility decreases; also the tendency for "orange peeling" increases if 
the grain size exceeds A.S.T.M. number 5.0. The rough surface associated 
with "orange peeling" is known to reduce the fatigue endurance of the 
alloy. Consequently, in practice, the grain size is limited to between 
A.S.T.M. numbers 6.0 to 8.5.
The alloy also contains copper and magnesium which are 
amenable to solid solution and ageing t r e a t m e n t s . The ageing re­
sponse of the ternary alloy, Al-2.3Cu-1.3 Mg, on which RR58 is based
(297 298)
has been studied in detail * , and the aluminium end of the
Al-Cu-Mg diagram (Figure 19) has been repeatedly investigated. The 
liquidus surfaces at the aluminium end are shown in Figure 20, the 
solidus surfaces in Figure 21, and the invariant reactions are listed 
in Table 2. The constituents that can exist in equilibrium with the
aluminium rich, solid solution are the two binary phases, Mg.Al.. .and
(299 300)CuAl^, and the two ternary phases designated S and T * . The
latter two have extensive primary phase fields, but can also be found
elsewhere as the result of a peritectic reaction. The S phase has a
(301-303)
small homogeneity range and is based on the formula, CuMgAl^
In effect, aluminium and S phase form a quasi-binary 
system. On the copper rich side of the quasi-binary line, there is a 
ternary eutectic of Al, S and CuAl^; whilst on the magnesium rich side, 
the Al-S binary valley runs down to a peritectic point, at which S re­
acts to form T. It can be seen from the diagrams that the solid solu­
bility of copper in aluminium is decreased by magnesium a d d i t i o n s , 
although in the solid state the diffusivities of copper and magnesium 
do not suffer appreciably from mutual interference From Figure
22, it can be seen that there is an extensive composition range for
which the only constituent separating out from solid solution is S.
This, therefore, is the precipitation hardening agent. Mechanical, 
physical and electrolytic properties are all strongly dependent on the 
orthorhombic S phase and its intermediate forms produced by heat treat­
ment .
Guinier-Preston (G.P.) zones of atoms of magnesium and
copper, coherent with the matrix, form immediately after quenching from
(306—308)
the solution treatment temperature of 530°C . It has been shown
(309)that these are of a cylindrical form , elongated in the [100] direc­
tions of the matrix. The G.P. zone precipitation is accelerated by 
raising the temperature to between 40 to 70°C, although it has been 
shown^"^ that full G.P. zone precipitation will occur after prolonged 
times at room temperature. Other factors which affect the ease of for­
mation of the zones are the quenching temperature and quenching rate; 
these influence the vacancy concentration and distribution, hence the 
precipitation kinetics of G.P. zone formation. On a macroscopic level, 
a slow quenching rate favours grain boundary precipitation, reduces the 
corrosion resistance, making the alloy easier to etch, and results in a 
higher hardness in the as-quenched condition, but reduces subsequent 
hardening.
Increasing the temperature beyond 70°C causes the pre­
cipitate to begin coarsening, and the G.P. zones are progressively re­
placed by needles of the orthrhombic S'Al^CuMg phase, elongated in the
(309 311)[100] directions of the matrix * . These usually precipitate on
dislocation loops and helices arising from the quench, or which form
during cold work prior to hot ageing.
(312)Wilson and Partridge have shown that the S ’ phase
needles occur in the form of corrugated precipitate sheets, the forma­
tion of which can be explained in terms of the appropriate interfacial 
energies and misfit vectors. The presence of coherency stresses along 
the precipitate-matrix interfaces has the consequence that the nuclea­
tion of the Sf phase is facilitated by the presence of dislocations, 
whose stress fields serve to diminish the elastic coherency strains in
(313)
the precipitate and the matrix. Cahn has shown that this phenome­
non results in the lowering, or in certain cases, the complete sup­
pression, of the energy barrier for nucleation. The suggestion of 
Wilson and Partridge, however, that prestraining the alloy may refine 
precipitate distribution by increasing the number of heterogeneous nu­
cleation sites has been shown to be incorrect, the precipitate that 
forms being generally coarser than would result from homogeneous preci­
pitation. This can be attributed to the fact that the needles appear 
on.the dislocations before homogeneous precipitation may occur (due to 
the low activation energy) and develop rapidly, thereby consuming the 
solute from the adjoining matrix.
On further increases in temperature, overageing occurs,
the S' phase (Al„CuMg) grows and transforms to the equilibrium S phase
(312)
(A^CuMg) which is also orthorhombic , the parameters of the two
phases, S f and S, differing little. At 270°C, S phase rods of micron
dimensions may form; and on any further increase in temperature, the
growth of S phase and its progressive dissolution occur until 430°C, at
which point all the S phase has been taken into solution.
The S 1 phase is significantly affected by the silicon 
(314 315)
content of the alloy * . There are several reasons for the addi­
tion of silicon to RR58:
i) It modifies the as-quenched defect distribution by re­
ducing the number and size of vacancy loops and dis­
location helices.
ii) It decreases the rate of formation-of G.P. zones, but 
the coherency strain associated with their formation 
is increased, resulting in increased hardening.
iii) The modification of the as-quenched defect distribution 
alters the distribution of the S ’ precipitate. While 
heterogeneous precipitation still occurs, a more uni­
form precipitation is noted, and the density of pre­
cipitates is increased.
iv) The nucleation of Sf precipitates is retarded, and their 
growth rate is reduced by the pressure of silicon, but 
their average length after extended ageing is little 
affected.
These effects are consistent with silicon lowering Che 
rate of solute diffusion, this being due to the strong binding energy 
between vacancies and silicon atoms.
The amount of silicon that may be usefully added to the 
alloy is limited by the formation of silicon-rich precipitates, the 
growth of which lowers the silicon content of the matrix to the equili­
brium value (0.05% Si at 200°C). Where segregation has taken place in
RR58, examples of such silicon-rich precipitates, e.g. Al,CuMg,Si,,
(316)
have been observed in the form of spherical globules in the order
of a half to one micron in diameter. These are denoted as "Q" phase 
and represent "wasted" silicon, as they remove copper and magnesium from 
the matrix, hence detracting from possible hardening.
According to Wilson and Forsyth^"^ , additions of ap­
proximately 1% of either iron or nickel slow down the structure harden­
ing of the ternary Al-Cu-Mg alloy. This is because these elements com­
bine with copper to form either (Cu^Fe)Al^ or Al^Cu^Fe or Al^CuNi, which 
reduce the amount of copper available for age hardening. However, 
simultaneous addition of 1% iron and 1% nickel to the alloy was shown 
to restore the capacity of the alloy to age to the same extent, and at 
the same rate as the original ternary alloy, the iron and nickel forming 
Al^FeNi, which contains no copper, practically all of which is then free 
to participate in age hardening.
(318)
An investigation By Phragmen of the ternary, qua­
ternary, quinary and six component alloys containing Al, Cu, Mg, Mn, Fe 
and Si, has shown that in commercially important alloys, the phases 
present are not numerous. There are no quinary or six component phases, 
and only a few of the binary, ternary and quaternary phases need to be 
taken into consideration. Examples found in commercially produced RR58 
include phases such as Al^C^Fe and Al^Cu^Ni, which occur as particles 
of several microns. Also, there is a quantity of Mg^Si, which will not
be taken into solution, even after protracted treatments at the solu- :
(319)tionising temperature . Additionally, the common Al-Fe-Si consti­
tuents can be identified in the commercial alloy. If manganese is 
present as an impurity to the extent of 0.25% or more, the secondary 
constituent MnAl^ may separate.
It can be seen, therefore, that some copper and magne­
sium is combined in the primary phases; also precipitation is modified 
by silicon; hence RR58 is not completely comparable with a ternary 
Al-2,3 Cu-1.3Mg alloy.
2.7.2 Production Technology*
Hiduminium RR58 is commercially used for forgings, extru­
sions, as thick plate or in sheet form. The manufacturing process de­
scribed in this section will be that used by High Duty Alloys (although 
it may be regarded as being typical for this alloy), whilst the applica­
tion detail that follows is atypical, being the use of the material in 
the Concorde S.S.T. and is therefore more rigorously controlled than for 
other applications.
Bars of aluminium are melted in an open hearth furnace. 
After addition of the appropriate alloying elements, the molten alloy 
flows into a holding furnace, where it is purged with a nitrogen and 
chlorine gas mixture.
After this treatment, the alloy is semi-continuously 
cast, a typical ingot being about 0.3 x 1.2 x 3m. These are then ma­
chined (scalped) and ultrasonically tested. The ingots are subsequently 
homogenised by soaking at, or just below, the solution treatment tem­
perature for a time which depends on the thickness and weight of the 
slab, varying between 10 and 48 hours. The homogenisation temperature 
has to be regulated carefully in order to avoid incipient melting in 
areas of severe segregation (see Figures 20 - 22). After this treatment, 
the slabs may be allowed to cool to the required hot working temperature, 
or cooled down to ambient and then subsequently reheated to the hot roll­
ing temperature. This "homogenisation" process is said to evenly dis­
tribute the soluble constituents of the alloy.
For the production of "thick plate", the homogenised 
ingot is hot rolled at 450°C to the desired thickness, which is usually 
between 6 and 140mm, after which the sides are machined to restore the 
rectangular shape. The plate is then solution treated at 530°C for four 
hours followed by a cold water quench. The quench induces considerable 
buckling, which is removed by giving the plate a cold correction stretch 
of 2 ± 1/2%. For aerospace applications, the plate is given a final 
ultrasonic test, then aged for about 19 hours at 190°C, after which 
quality control samples are taken.
The production of " thin sheet" starts in the same way 
as thick plate: After the initial scalping procedure, however, the pro-
*Exact details of some stages of the production schedule cannot be in­
cluded in this section of the review due to a confidentiality agree­
ment with High Duty Alloys of Slough, Buckinghamshire, U.K. In these 
cases, approximate details as published in the open literature are 
substituted where possible.
(320)duction paths diverge . This is because Hiduminium RR58, in common 
with other high strength aircraft alloys, has relatively poor corrosion 
resistance, principally due to the copper present. Consequently, the 
sheet is usually clad on one or both sides with aluminium 1% zinc, or 
with a zinc enriched aluminium alloy (between 3 and 7% of the total 
sheet thickness). This gives cathodic protection. Sheets of the clad­
ding are strapped with steel bands to either side of the slab, and the 
whole assembly is then homogenised. After a couple of passes through 
the rolls, the sheets become pressure welded together, the straps are 
cut off, and hot working is continued until the thickness is reduced to 
about 6mm.
After this initial hot working, the recrystallised hot 
rolled slabs would conventionally be reduced by imposing heavy cold roll­
ing reductions in the order of 50 to 60 percent, or more, between inter­
stage annealing recrystallisations; however, this would result in a fine
grain size, which despite ensuring the case of formability, does not
(321)
render the best creep properties . Hence, it was found necessary to 
(322)
control and limit the cold rolling reductions between interstage
recrystallisation annealing treatments, in particular, the final reduc­
tion.
In order to maintain a balance between optimum mechanical
properties and the prevention of copper diffusion from the RR58 into the
cladding, so reducing corrosion resistance, solution treatment is limited 
(323)
to 530°C for about 45 minutes. This time can be shorter according
to sheet thickness, but in general is governed by the need for good creep 
properties. After solution treatment, the sheets are quenched, retaining 
the S phase constituents in solution, followed by immediate roller level­
ling which introduces a deformation known as the "cold correction.” Ex­
cessive amounts of cold work at this stage are known to have a dele­
terious effect on the subsequent creep resistance; hence the cold correc­
tion is limited to a maximum of 1% (see Section 2.7.1).
Usually sheet aircraft alloys are formed in the solution 
treated condition. This procedure is used because in forming the sheet, 
certain areas may receive the critical strain (see Section 2.4.7), and 
if subsequently solution treated, would recrystallise to a very large 
grain size. For a similar reason, it is not normal practice to re­
solution treat roller levelled sheet: in RR58, even the limited cold
correction may exceed (depending on the prior grain size) the critical 
s t r a i n ^ ^ ^ . With RR58, however, normal practice cannot be followed as 
cold working the alloy in the solution treated condition significantly 
reduces the creep properties (see Section 2.7.1). Also, the alloy has
a proclivity to age at room temperature, the process beginning within 
hours of quenching.
Thus, for flat parts and skin panels without double cur­
vature, the alloy is fully aged for 20 hours at 190°C prior to forming. 
For parts with slight double curvature and other mildly formed parts, 
the solution treated alloy is pre-aged for 30 minutes at 150°C. In this 
condition, the alloy has a known mechanical strength (not greatly dif­
ferent from its fully naturally aged condition), sufficient ductility, 
and forming in this condition does not significantly affect the creep 
strength.
The most exceptional final production sequence, however, 
is reserved for severely formed parts. Here, even though ductility is 
at a premium, the alloy cannot be formed in the solution treated condi­
tion due to the significant reduction in creep properties that would 
result. Hence, in order to confer sufficient ductility to the material, 
it is "recovery annealed” after the final cold rolling reduction, prior 
to solution treatment. This "anneal" consists of heating the material 
to a temperature safely below the recrystallisation temperature; the re­
sultant material is not fully softened, but does possess adequate duc­
tility. Thus, in any subsequent forming operation, the cold work intro­
duced becomes additive to what remained after the recovery anneal, hence 
the critical strain is always exceeded, and a controlled grain size re­
sults during solution treatment. In this way, the Concorde sheet speci­
fication (British Aircraft Corporation Specification CM001F) which re­
quires a grain size of between 15 and 40 microns, is met in all cases
(generally it is found to be 20 - 25 microns in the longitudinal direc-
(321)
tion). It should be noted, however, that it is claimed that a
similar effect to the recovery anneal may be obtained by storing the 
cold worked sheets at room temperature for several months prior to 
forming.
Sheet RR58 is artificially aged in the temperature 
range 170° - 210°C for 4 to 30 hours, although 20 hours at 190°C is 
normal. . Should the ageing temperature be inadvertently exceeded for a 
short time before the latter stages of ageing, retrogression may 
o c c u r ^ ^ ’ 3 as happens in other age hardenable alloys. This retro­
gression and resultant softening are seldom complete as the zones re­
quire time to redissolve.
Hiduminium RR58 may also be extruded. The process is 
performed at around the normal hot working temperature of 450°C. The 
extrusions vary greatly; some of the most difficult to produce were the 
Concorde "stringer sections" which involved a very high reduction of
area ratio. The exact working temperature and extrusion speed were 
found to be important. Working with a slightly too high extrusion tem­
perature and speed can introduce an insufficient amount of "equivalent 
cold work" resulting in a very large grain size, e.g. grains in the
/ Q O / \
order of 18mm diameter . Unlike many other aircraft alloys, RR58 
always recrystallises completely on extrusion. The final extrusion, 
although predominantly fine grained, has a band of fairly coarse grains 
(up to 2mm) which lies approximately midway between the center and the 
surface. This is to be expected in extrusions due to the variation in 
"equivalent cold work" produced by the strain gradient through the cross 
section. These coarse grains fall within specification (British Air­
craft Corporation CM008), provided the coarse grained area is less than 
5% of the cross section. In order to optimise the creep properties, a 
high solution treatment temperature is used for extrusions. This, how­
ever, necessitates the use of a controlled, fluoride-containing furnace 
atmosphere. The sections are then cold water quenched and given a one- 
and-one-half percent stretch for cold correction. Extrusions are subse­
quently formed in two of the conditions described for sheet, i.e. fully 
heat treated, or solution treated and pre-aged.
As forgings are generally not worked after the forging
process, the grain size may be larger to obtain the best creep properties.
Thus, the forgings are given a much longer solution treatment time of 20
hours. The forgings are made 2.5mm oversize, solution treated and then
boiling water quenched. The large mass of the forging, in conjunction
with the slow quench, largely overcome the high quenching stresses that
may occur in forgings. In order to minimise the stress corrosion sus- 
(327)
ceptibility , a slight overageing treatment at 215°C is employed. 
Finally, the stressed outside skin of the die forgings is machined off 
to leave a component of the correct dimensions. In this way, reasonable 
stress corrosion properties are obtained, whilst the degree of over­
ageing only slightly lowers the tensile properties of the forging.
It has been observed that forgings exhibit zones of very 
large grains, generally near the surface, or in thin sections of die
/ q o / \
forgings which also have thick sections. It is believed that this
phenomenon has a similar origin to the grain size variations in extru­
sions. Open forgings exhibit a converse feature: narrow bands of very
fine grains, similar in size to sheet material. These are attributed 
to severe plastic shear deformations occurring when the forgings have 
been hot pressed in several "bites." It should be noted, however, that 
no measurable deleterious effect in properties (static strength, fatigue 
or corrosion) has been related to these variations in grain size.
Concorde utilised a number of involved sheet forming 
operations, intricate extrusions and forgings, all of these processes 
having their ensuing recrystallisation complexities. The cost justifi­
cation for these operations is that RR58 is unweldable, due to incipient 
melting forming second phase rosettes. Consequently, any unpreformed 
sections have to be machined from solid, e.g. 75% of the skin panel 
material is subsequently machined away prior to assembly with mechanical 
fasteners.
3. Experimental Procedures and Techniques
3.1 The Alloys Produced
3.1.1 Alloy Production and Composition
The objective of this investigation was to study the re- 
crystallisation characteristics of a bimodal particle dispersion as found 
in over-aged specimens of the alloy, Hiduminium RR58. It was considered 
that this would be facilitated by the simultaneous study of two further 
alloys, designated F and C respectively, each designed to contain one of 
the particle regimes in isolation. These alloys permitted the study of 
the individual annealing characteristics of each particle regime, hence 
allowing comparison with their combined effect in Hiduminium RR58.
Alloy F had copper, magnesium and silicon contents simi­
lar to those in RR58 but with considerably less iron and nickel, thus 
replicating the fine precipitate particles and matrix of RR58 without 
the presence of any coarse intermetallic particles. Alloy C had the 
opposite features, i.e. iron and nickel contents similar to those in 
RR58 but with considerably less copper, magnesium and silicon, thereby 
intending to replicate the coarse intermetallic aspects and matrix of 
RR58 without the fine S phase characteristics.
All three alloys were produced by High Duty Alloys Ltd. 
in the experimental foundary of their Slough facility. The alloys were 
semicontinuously cast; teeming was carried out on a rising temperature 
at 740°C with a withdrawal rate of 2mm/sec (four-and-one-half inches per 
minute) and a water cooling- rate of Q.76- litres/sec. (10 gallons/minute) . 
.The grain refiner used in each case was Foseco 5:1 titanium diboride.
The detailed compositions of the three alloys are pre­
sented in Table 3.
3.1.2 The "As-Cast" State
The cast ingots were cylindrical, 124mm (four-and-seven- 
eights inches) diameter and about 2 metres (6 feet) long. Top and bot­
tom crops were taken, and the bars were then bisected for ease of trans­
portation to the University. Following this, 6mm (one-quarter inch) was 
scalped from the surface (i.e. one-half inch off the diameter) in order 
to remove surface defects and segregation. Each billet-length was then 
sawn into progressively smaller pieces, eventually producing cubes of 
38mm (one-and-one-half inch) size. These were the original stock for 
the various specimen preparation sequences which formed the basis for 
this investigation.
Preliminary examination of the as-cast structure of 
RR58 showed that it contained scroll-like second phases which were finer 
in the part of the cube which had been nearer the centre of the billet
(Figure 23), than those which had been closer to the surface (Figure 24). 
Consequently, these phases had to be redistributed uniformly before the 
alloy could be used for recrystallisation studies; this procedure is de­
scribed in Section 3.2.3.3. Examination of the as-cast structure of 
Alloy F showed that it was similar to that of as-cast RR58 except that 
the primary intermetallic phases due to iron and nickel were missing 
(Figure 25).
The structure of as-cast Alloy C (Figure 26) showed not 
only the absence of the S phase constituents, but also the intermetallic 
phases were much finer and more evenly distributed than in RR58. As all 
three alloys were cast under similar conditions, this latter discrepancy 
was attributed to the unforeseen effect of copper, magnesium and silicon 
on the nucleation of phases from the melt. This incongruity between the 
sizes of the primary particles in RR58 and Alloy C would make any compari­
son of recrystallisation behaviour futile, hence corrective measures were 
necessary in Alloy C (see Section 3.2.3.2) as a preliminary to the regu­
lar specimen preparation schedule.
3.2 Specimen Preparation
3.2.1 General Aspects
Preliminary experiments indicated that for reproduci­
bility of results, the preparation of the alloys was critical. The 
preparation schedule developed consisted of the following steps:
i) Homogenisation (Section 3.2.3.1)
ii) Elimination of the disparity in intermetallic phase 
distribution between as-cast RR58 and Alloy C (3.2.3.2)
iii) Minimising any hetrogeneity of phase distribution 
(3.2.3.3)
iv) Manipulation of the S phase dispersion, i.e. control of
the particle size, distribution and stability (3.2.3.4) 
During the evolvement of these techniques, it was found
that even when heavily overaged, RR58 and Alloy F were not constitution­
ally stable over the range of proposed final annealing temperatures.
Hence, a programme of thermal analysis was carried out (Section 3.2.2) 
which established the nature of the instability, revealing that although 
an S phase dispersion of the desired size and spacing (see Section 3.4.6) 
could be achieved by the overageing of solution treated RR58 and Alloy F, 
it was the cooling rate from this overageing temperature that fundamen­
tally affected the constitutional stability of the resulting structure. 
Quenching the alloys from the overageing temperature caused solute to 
be retained by the matrix, resulting in precipitation on subsequent 
annealing. This may be referred to as an "unstable" condition. Con-
versely, if the alloys are slowly cooled after overageing, then there is 
no significant retention of S phase, hence no precipitation occurs during 
subsequent annealing, i.e. a "stable" condition.
The availability of the two alternative heat treatments 
(Section 3.2.3.4) afforded the possibility of investigating RR58 and 
Alloy F in both the "unstabilised" and "stabilised" condition. The first 
condition is of general industrial relevance and involved "pinning" of 
the structure during annealing; whilst the second condition allowed the 
influence of the various particles, on the annealing characteristics, to 
be studied in isolation.
The next chapter section contains a brief description of 
the thermal analysis techniques used in the development of the specimen 
preparation schedule. The individual processing operations are described 
in the following sections of the chapter. The overall sequence of opera­
tions is summarised in Figure 27.
3.2.2 Differential Thermal Analysis and Differential 
Scanning Calorimetry
This facet of the investigation was instigated by two
factors:
i) The need to know the exact solidus temperature of 
Alloy C for an intermetallic coarsening treatment 
(see Section 3.2.3.2).
ii) The need to identify the phase changes in RR58 and 
Alloy F and to confirm the presence of a precipitation 
mechanism which operates during recrystallisation in 
the "unstabilised" condition (see Section 3.2.3.4).
A combination of thermal analysis techniques was em­
ployed since the equipment available (a 990 series DuPont Thermal 
Analyser) had a D.S.C. (differential scanning calorimetry) cell, which 
although capable of high sensitivity could not exceed 600°C; whilst the 
D.T.A. (differential thermal analysis) cell could exceed the melting 
points of the alloys, but was not so sensitive.
Specimens for the D.T.A. were required as small slugs 
(3mm in diameter and about 8mm long) so that they were a good fit in the 
quartz tubes of the apparatus. These slugs were machined from samples 
that had been given homogenisation, solutionising and ageing treatments 
similar to those of commercial forgings (ageing at 215°C). It was hoped 
that in this condition the samples would give clearly identifiable peaks 
which would be unaffected by any room temperature ageing, hence giving 
reproducible results. The tests were carried out under a nitrogen purge, 
at a relatively fast heating rate of 20°C per minute, followed by a free
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and experimentation
rate cool. It was hoped that these rates would give larger peak- ampli- - 
tudes aLthough high rates do also displace the peaks slightly. The tech­
nique, however, proved too insensitive for accurate resolution of any 
constitutional changes, but by taking the mean between the first melting 
on heating and the last freezing on cooling, a fairly accurate liquation 
temperature for each alloy was established (see Section 4.2.1).
The D.S.C. cell was considerably more sensitive and used 
a different specimen: a disc 6mm diameter by about 3mm thick. The D.S.C.
experiments were again performed with a nitrogen purge, but this time 
using a heating rate of 5°C per minute, which gave only a 3°C displace­
ment on peak position. Heating was followed by a free cool from the 
limit temperature of 600°C. The runs were performed on alloy samples in 
the same slightly overaged condition as was the case for D.T.A. However, 
with this technique, the constitutional changes gave quite clear peaks 
(see Section 4.2.2). Experiments were performed on all three alloys in 
order to compare peak positions and magnitudes.
The D.S.C. technique was also used to show the presence 
of a precipitation reaction during recrystallisation in "unstabilised"
RR58 and Alloy F. Initial experiments to show this attempted to use an 
isothermal method, holding the specimens, which had been given a 400°C 
overageing and quenching treatment at the recrystallisation temperature. 
This mode, however, had insufficient resolution for the very small changes 
taking place, any exotherm being masked by electrical noise (even though 
the experiments were run at night). Hence, thermal ramping was used 
again; runs were performed on samples taken from RR58 and Alloy F in the 
"unstabilised" condition, i.e. overaged at 400°C for 2 hours and then 
quenched (see Section.3.2.3.4). These results were compared with samples 
which had been slowly cooled to below 250°C from 400°C. With the appa­
ratus working near its limit, comparison of the results showed them to 
be markedly different (see Section 4.2.2) .and clearly confirmed the 
precipitation mechanism suspected.
3.2.3 Fabrication and Heat Treatment
3.2.3.1 Homogenisation
The cubes cut from the billet (Section 3.1.2) 
were homogenised at 525 ± 1°C for 20 hours. This treatment was selected 
to replicate that used industrially for the Concorde application of RR58.
A close tolerance on temperature was required at this stage (± 2°C max.), 
as there was a danger in RR58 and Alloy F of the quasi-ternary segregate 
that may have formed as the result of severe coring, liquating at 529°C. 
Work on the homogenisation of RR58 has shown that this time and
temperature are more than sufficient to allow for complete homogenisa­
tion (Figure 28).
3.2.3.2 Control of Intermetallic Particle Size
At this stage, the cubes of Alloy C exclusively
were given an extra treatment to coarsen the intermetallic particles. 
This treatment was performed in an air circulating furnace of a large 
thermal mass, which had been adapted to produce a well-controlled 
(± 2°C), long period, thermal cycle. The cycle consisted of heating 
from 49Q°C to 610°C (i.e. to just below the solidus temperature of Alloy 
C (Section 4.2.1.3) at 25°C per hour, holding at temperature for one 
hour,, then cooling at 25°C per hour back to 490°C, at which point the 
cycle repeated. In this way, the small but finite, solubility of the 
stable primary particles was utilized to incrementally dissolve the 
smaller particles, resulting in the growth of the larger ones. In 
scoping experiments, trial specimens were cycled up to 48 times. These 
samples were then forged (see Section 3.2.3.3) and compared to forged
RR58. It was found that optimum comparability corresponded to 31 cycles
(Figures .29 and 30). Hence, after homogenisation, all cubes of Alloy C 
were cycled 31 times, the process being stopped at the 610°C hold tem­
perature and the furnace then set to cool at 1.25°C per hour to 150°C. 
This ensured that no significant soluble impurities were left in solu­
tion, thus excluding the possibility of any precipitation during subse­
quent annealing.
3.2.3.3 Control of Intermetallic Particle Distribution
To redistribute the intermetallies present in
RR58 and Alloy C uniformly throughout the cube, a series of triaxial 
forging procedures were carried out. These consisted of preheating the 
cube to 460°C in the air circulating furnace, then deforming it uni­
axial ly using a forging hammer with preheated platens. After having 
been deformed in one axis, the "cube" was reheated and the operation re­
peated in the other two axes, which returned the specimen to a cubic 
shape. This series of operations constituted one triaxial cycle, the 
large amount of flow induced in the alloys shearing and redistributing 
the primary internetallies. Initial experimentation showed that eight 
of these triaxial cycles produced a structure which was considered 
sufficiently consistent (Figure 30). The cube was then forged to a 
rough bar, followed by machining to give a 10mm thick strip (Figure 31). 
This ensured that on final rolling, the deformation would be exactly 
similar along the whole length of the strip.
3.2.3.4 Control of Phase Stability
In order to ensure complete reproducibility of 
the S phase dispersion parameters, which might be affected by such vari-
ables as cooling rate after forging, temperature at finish of forging, 
etc., a solution treatment and overageing routine was introduced. This 
involved solution treating the machined bar at 530°C for 4 hours, cold 
water quenching and subsequently overageing at 400°C. for 2 hours (Figure 
32). The alloy bars were then cooled at 1°C per minute from 400°C (the 
overageing temperature) to 250°C in a salt bath with a programmable 
temperature controller. This ensured near total depletion of the re­
maining precipitable S phase solute from the matrix, the vast majority 
of which deposited on the pre-existing particles from the overageing 
treatment.
All three alloys experienced the above prepara­
tion schedule, however, the last stage of this sequence was altered for 
some specimens of Alloy F.and RR58. These were water quenched after 
overageing at 400°G for 2 hours. The quench resulted in a considerable 
amount of solute being retained in the matrix, which subsequently preci­
pitated during the final annealing treatment (see Section 3.2.2). These 
specimens are accordingly referred to hereinafter as "unstable”; whereas, 
the slowly cooled specimens, where no such precipitation occurred, are 
therefore referred to as "stabilised."
3.3 Specimen Processing
3.3.1 Cold Work
All of the alloys were given a final, pre-annealing, de­
formation of 60% thickness reduction, using an instrumented, two-high 
rolling mill with 150mm diameter rolls. A series of passes was used, 
with ail approximate reduction of 10% per pass, until the strip approached 
its final thickness, using a rolling speed which was set low enough to 
prevent any significant strip temperature rise. The resulting cold 
rolled strips were then cut into annealing specimens 10mm long, i.e. to 
give final specimen dimensions of 4x10x10 to 20mm.
3.3.2 Annealing
Specimens were given isothermal annealing heat treat­
ments of up to 50,000 minutes in duration at temperatures of 270°C,
300°C, 330°C and 360°C (see Section 4.1.1). These treatments were per­
formed in specially constructed laboratory salt baths. These baths 
featured a helically wound, immersion heating element of progressive 
pitch, which in combination with the control of salt-pot external cool­
ing, resulted in the minimisation of thermal gradients within the salt, 
the baths having a central, uniform hot zone, approximately 150mm deep 
by 100mm diameter. Temperatures were regulated to better than ± 1°C 
by means of "Eurotherm" controllers, whilst a "West" programme unit 
allowed thermal ramping at rates down to 25°C per hour. Specimens were
water quenched to end the annealing treatment.
Experiments using a standard size specimen with thermo­
couples embedded in its centre and on the outside showed that the time 
taken to reach temperature varied. Specimens placed in the salt just 
above its melting point (i.e. when convection is low), tended to cause 
local chilling of the salt and took approximately 45 seconds to heat to 
within two degrees of the bath temperature. At high temperatures, how­
ever, the heating times were much shorter: in the order of 15 seconds.
Thus, it can be seen that as the heating and cooling rates were rapid, 
their effect was negligible in all but the shortest annealing times.
Other, lower temperature, heat treatments (such as those 
used for determining the extent of low temperature precipitation (see 
Section 3.3.3) were conducted in oil baths with a pumped oil circulation 
system. Here, temperatures were controlled to ± 2°C with a thermal 
gradient of less than 4°C from the top to the bottom of the bath. All 
pieces of heat treatment apparatus were continuously monitored and peri­
odically calibrated.
3.3.3 Hardness Testing
Water quenching Alloy F and RR58 from the annealing tem­
perature inevitably resulted in some room temperature precipitation.
The precipitation was a consequence of the.S phase retained in solution, 
the amount retained corresponding to the S phase solubility at the an­
nealing temperature. The rate at which natural ageing occurred depen­
ded on factors such as the residual cold work, quenching rate and tem­
perature; however, invariably it took several weeks to reach completion 
at room temperature. Clearly, hardness testing at any time prior to 
full ageing could have represented a significant source of error in in­
terpreting the data. Hence, a low temperature heat treatment was re­
quired to accelerate the process. Preliminary experimentation indicated 
that the equivalent of full natural ageing could be achieved by the ex­
pedience of mounting the quenched specimens in "cold set" resin 
(Metaserv, Metset, type SW) . The setting exotherm of this resin, when 
used in a standard 25mm mould (49°C for 15 minutes) was sufficient to 
reproducibly age the specimens to a Jlevel commensurate with months of 
"natural" room temperature ageing (Figures 33 and 34).
The mounted specimens were ground on water cooled emery 
wheels to 1200 grit size. The resulting ground face was ideal for hard­
ness testing, being level, smooth and stable. For this reason, all 
three alloys were resin mounted. Hardness testing was executed using a 
single "Vickers Pyramidal Diamond Hardness Testing Machine" with a 10 Kg 
load. This was periodically checked against a standard block to ensure
its calibration had not changed. A minimum of eight hardness impressions 
were made across the surface of each specimen (i.e. section transverse to 
rolling direction); additional readings were taken if the scatter within 
a specimen exceeded ± 2  V.P.N.
3.4 Metallography
3.4.1 General Aspects
Metallography was of vital importance in this study; 
hence, a very large proportion of the research effort has been dedicated 
to the development of viable techniques. It was crucial to the investi­
gation to be able to determine the following points:
a) . The location, distribution, morphology and size of
the particles
b) The location at which nucleation occurs
c) The morphology of the expanding nuclei and the
rate at which they grow
d) How this growth and the growth of the subsequent
grains were affected by the presence of the particles.
It can be seen, therefore, that a fairly sophisticated
level of metallography was required. At the outset of the investigation, 
it was believed that the metallographic aspect of the study would be 
straightforward which was found to be the case with Alloy C, a good 
metallographic technique as described in Section 3.4.3, being developed 
rapidly.
Initially it was thought that a metallographic technique 
for RR58 and Alloy F would also be quickly established, published work 
and informed sources having made no mention of any difficulties with the 
metallography of RR58 or related alloys. It soon became apparent, how­
ever, that previous work had usually dealt with this.type of alloy in 
the as-aged condition, whilst in this study the alloys were in the over­
aged and then annealed condition. In this condition, the alloy can be 
considerably more difficult to etch, as is succinctly summarised by 
Sperry and Bankard in the A.S.M. Handbook (8th Edition):
"A very dense precipitate in annealed or hot worked heat treatable 
alloys makes it difficult or impossible to produce any kind of 
grain contrast or to delineate grain boundaries.11
A resume of the techniques that were employed in an 
attempt to overcome the problem of developing a metallographic method 
suitable for RE.58 and Alloy F may be found in Appendix I. Section 3.4.4 
is a description of the eventual successful technique that resulted and 
was employed in this study.
3.4.2 Polishing
3.4.2.1 Mechanical Polishing
The metallographic techniques used in this in­
vestigation required an initial mechanical polish. It was found that 
good results were obtained by using the following schedule:
i) The specimens were mounted in "Metaserv Metset resin SW", 
a cold setting resin with a low exotherm temperature.
ii) Initial polishing was on rotating emery papers of de­
creasing coarseness (240, 320, 400, 600) using water 
as a lubricant and coolant.
iii) Hand polishing on a worn 600 grit emery paper using soap 
solution as a lubricant.
iv) Polishing on a Metaserv "Metron" polishing cloth ro­
tating at 125 R.P.M. using ■"Bluebell" polishing compound 
as abrasive and lubricant.
v) Polishing on a Metaserv "Metron" polishing cloth ro­
tating at 125 R.P.M. impregnated with Hyprez 1 micron 
diamond compound (l-FS-47) and lubricated by Hyprez 
type OS fluid.
For use on the photo emission electron micro- . 
scope (P.E.E.M.) and scanning electron microscope, another polishing step 
was included:
vi) Light manual polishing on a Metaserv "Metron" polishing 
cloth impregnated with Hyprez "Five Star" 1/10 micron 
diamond compound.
3.4.2.2 Electropolishing
The technique described in this section is one 
developed by Technische Hogeschool Twente (T.H.T.) in Holland. It was 
originally hoped that this method would delineate grain boundaries in 
Alloy F and RR58, hence allowing the progress of recrystallisation to be 
observed. Unfortunately, the delineation obtained was insufficient for 
the purposes of this investigation; however, it was found that the method 
proved invaluable for examining the particle distribution in RR58 and 
Alloy F (see Section 3.4.5). Sample photomicrographs are shown in Figures 
35 and 36. The technique, however, clearly revealed the structure of 
Alloy C as shown in Figure 37. Geographic considerations precluded the 
continued use of apparatus for Alloy C as an equivalent technique 
(Section 3.4.3) had been developed at Surrey.
The polishing conditions for the T.H.T. equip­
ment are detailed in Appendix III.
3.4.3 Procedure for Alloy C
A two-stage technique for obtaining good grain contrast 
in Alloy C was developed. In the first stage, the specimen which had 
previously been mechanically polished to 1 micron was electropolished 
using Lenoirs solution. This electropolish removed the surface flowed 
layer formed by the mechanical polishing and also polished out any dia­
mond paste which had become embedded in the soft matrix. The exact 
electropolishing conditions used are listed in Appendix IV.
The second stage of the technique involved a light, 
anodising treatment, using fluoboric acid, the details of which are also 
outlined in Appendix IV. The epitaxial film so deposited produced good 
grain contrast under polarised light, although to effectively record the 
contrast phenomenon, colour film had to be used. Examples of the re­
sulting photomicrographs may be found in Section 4.3.4.
3.4.4 Procedure for RR58 and Alloy F
3.4.4.1 Surface Preparation
Metallographic samples were mounted in non-con­
ducting resin (see Section 3.3.3) and polished to 1 micron in the usual 
way (see Section 3.4.2.1). The specimens were then dipped in sodium 
zincate solution (see Appendices I and V) for a few seconds. This treat­
ment replaced the normal aluminium oxide surface layer by a zinc/zinc 
oxide layer, through yhich gallium can diffuse readily and evenly. This 
facilitated a more uniform penetration of gallium (see Section 3.4.4.3). 
which resulted in less pitting than would have been the case without'the 
zincate pretreatment.
It was found that the thickness of the zinc 
coating was critical: too thick and insufficient gallium penetration
occurred, whilst too thin a coating resulted in pitting on subsequent 
gallium diffusion. Consequently, the time of immersion in the zincate 
solution had to be exact. It was found that this corresponded to the 
polished surface of immersed specimen just being observed to dull. The 
specimens then had to be thoroughly washed, as no carryover of the 
strongly alkaline zincate solution could be tolerated by the very weakly 
acidic plating bath. The washing consisted of a two-stage treatment: 
a primary rinse in running tap water, followed by immersion in distilled 
water. Care had to be exercised to ensure that the total washing period 
did not exceed 15 minutes, as it was found that the very thin zinc de­
posit had a tendency to dissolve, resulting in pitting on subsequent 
gallium diffusion.
3.4.4.2 Gallium Deposition
A gallium-containing electrolyte was prepared
by dissolving metallic gallium in concentrated hydrochloric, acid at a 
temperature of 85°C. The resulting solution was allowed to cool to room 
temperature and then diluted with water to give a concentration of 0.01 N 
gallium chloride and 0.075/N Hydrochloric acid.
The plating operation was performed in a 
specially constructed apparatus, a schematic diagram of which is shown 
in Figure 38. The apparatus consisted of a thermally insulated outer 
case within which there was a refrigerated brass sleeve. The tempera­
ture of the sleeve was monitored by a mercury contact thermometer which 
modulated the output from the refrigeration unit. Inside the cooling 
sleeve was a tight-fitting, covered glass dish which held the gallium 
plating solution. The electrolyte was magnetically stirred, an immersed 
mercury in glass thermometer measuring its temperature accurately.
The anode consisted of a small cup of gallium 
connected via a platinum wire to a terminal block on top of the case, 
whilst the polished, zincate treated face of the specimen formed the 
cathode. To make electrical contact and to support the specimen (with­
out contaminating the solution), the mounting resin was drilled at a 
point above the electrolyte level, thus permitting a sleeved copper wire 
to be capacitance discharge welded to the specimen.
It was found that care had to be taken in 
starting the plating operation. If the specimen was inserted into the 
bath with no plating potential applied, then the zinc coating rapidly 
dissolved, creating a noticeable back e.m.f. Preventing this situation 
by applying the full plating potential to the specimen, prior to im­
mersion, resulted in gas bubbles rapidly forming on the surface, which 
inhibited the formation of a continuous, adherent gallium deposit.
Hence, a routine was adopted, whereby the specimen was immersed at a « 
plating potential of two volts, which just prevented the dissolution of 
the zinc film but did not cause the formation of tenacious gas bubbles.
The stirring rate of the solution was then increased to. the maximum
available and the potential raised to that for optimum plating conditions,
2
i.e. 5 volts, which gave a current density of 0.1 mA/mm , rapidly dropping 
2
to 0.05 mA/mm at 5°C. Under these conditions, a suitably thick matt 
deposit of gallium was obtained after 200 minutes.
3.4.4.3 Final Treatments
The gallium-plated specimens were heat treated 
in an air circulating furnace in order to diffuse the gallium layer into 
the specimen/ surface. The time and temperature for this operation were 
found not to be critical; however, the technique was standardised at 
60°C for 20 minutes.
To remove the residual gallium/oxide/hydroxide 
surface deposit from the specimens, they were given a final, light (1 
micron diamond) polish, punctuated by frequent metallographic examina­
tion. In this way, polishing could be terminated at a point which gave 
optimum grain boundary delineation. If, at an early stage of polishing, 
it was observed that insufficient gallium penetration had occurred in 
that particular specimen, it was sometimes possible to compensate for 
this by reheating the specimen with its remaining gallium plating in a 
flow of hot water for about 3 to 5 minutes.
Typical microstructures may be found in Section
4,3 where it can be seen that some minor pitting is still evident. This 
must be considered to be inherent in the technique. Depending on the 
degree of grain boundary delineation by the gallium, it was possible in 
the less heavily infiltrated specimens to further enhance grain boundary 
contrast and to reveal and emphasise the various phases by a light con­
ventional chemical etch. In heavily infiltrated specimens, however, it 
was found that any attempt at etching caused severe intergrannular 
attack prior to revealing the particles. Consequently, the fine parti­
cle distribution is not clearly visible on all of the micrographs pre­
sented in Section 4.3.
3.4.5 Particle Characterisation
As the role of the particles in the current work is 
vital, it was decided to establish which phases were present in the 
three alloys. This is classically performed by referring to tables of 
etching characteristics (see Tables 4 to 6). However, these appraisals 
can be somewhat subjective, hence, observed etching behaviour was com­
pared with the results of microprobe analysis and information in the 
literature*294’ 329>.
In the case of Hiduminium RR58, a large variation in 
as-etched colour exists between the particles. When etched in dilute 
Kellers Etch, this variation is particularly striking, the coarse inter- 
metallics etching different shades of grey, blue and brown, whilst the 
overaged S phase appears a browny-black. To confirm the nature of the 
phases, an area in which examples of each phase were present was marked 
out using a microhardness tester. The same area was then microprobed 
and the phases analysed. It was found that in RR58 the intermetallies 
were principally an Al-Fe-Ni phase, agreeing approximately with Al^FeNi. 
Other intermetallic phases present showed Al-Fe-Cu, Al-Ni-Cu, Mg-Si, 
and a proportion of the particles was found to contain Al-Fe-Ni-Cu. 
Scanning over an area which contained the fine phase showed higher mag­
nesium and copper concentrations, confirming the Al^CuMg S phase.
The fine particle Alloy F on a general scan revealed the
expected aluminium, magnesium, copper and silicon; however, it contained
some particles which were not dissolved by solution treatment (.Figure 39)
these were subsequently found to have some grain boundary pinning effect
(Figure 40). Analysis showed these to be either Al-Fe-Cu or Al-Mg-Si-Cu.
Since there is up to 0,1 percent iron present in the alloy, some of the
(311)
former type of phase, as reported by Wilson and Forsyth might be ex­
pected. As these coarse phases are present in such small proportions, 
their effect on the overall recrystallisation characteristics was not 
considered to be major; however, as can be seen in Section 4.3, they did 
have a significant effect on the matrix in their immediate vicinity.
The coarse intermetallic particles in Alloy C were found 
on etching to be of approximately uniform colour, a dove grey. Micro­
probe analysis confirmed this observation, showing the particles to be 
principally aluminium, iron and nickel.
3.4.6 Particle Size and Spacing Determination
3.4.6.1 General Aspects
To determine the particle size and spacing for 
each alloy, the average number of particles per unit area on any plane 
section, N , and the average number of particles per unit length of any
il
line passing randomly through the alloy, N^, were estimated from a series 
of photomicrographs of the alloys at known magnifications.
Assuming that the particles are of random dis­
tribution, uniform, spherical and of radius, r, then it can be shown 
(see Section 2.6.3) that
2 s l
r =
ttN.
A
and that the number of particles per unit volume, N^, is related to the 
above by
NAN„ = A
V 2r
Using the Hertz and Chanderasekar formulae (2.6.3), it can be shown that 
the centre to centre, nearest neighbour distance for the volume as a 
whole, is given by:
Aa<R) ■ °-554 Nv1/3
The above relationships were used to calculate the particle size and 
spacing for each alloy.
3.4.6.2 Alloy F
A "macro" assessment of the particle size and 
spacing in unstabilised Alloy F, based on optical micrographs, which in­
cluded denuded zones, coarse grain boundary precipitates, etc., showed 
the average particle radius to be 0.48 microns with a spacing of 0.607 
microns.
Examination of regions which were exclusively 
of fine particles on scanning electron micrographs, however, showed that 
the average particle radius was 0.13 micron with a spacing of 0.22 mi­
cron. This changed on annealing: 3.0 minutes at 300°C increasing the
particle radii to 0.17 micron with a spacing of 0.25 micron. The size 
increased slowly with annealing time, growing to 0.26 micron at a spac­
ing of 0.64 micron after 50,000 minutes at 300°C.
The stabilising treatment caused a small in­
crease in pre-annealing particle radius, i.e. 0.19 micron at a spacing 
of 0.29 micron.
3.4.6.3 RR58
The coarse intermetallics in RR58 were found to 
have an average particle radius of 1.4 micron at a spacing of 2.8 micron. 
The fine particles followed the same trends as in Alloy F, but were noted 
to have wider variations from area to area in the same specimen: mea­
sured average particle radii in the stabilised alloy varying between 
0.02 micron and 0.18 micron with spacings of 0.07 micron to 0.3 micron 
respectively.
3.4.6.4 Alloy C
Approximate particle radii in Alloy C were 
measured at 1.5 micron and a spacing of 3 micron.
3.4.7 External Assistance
A list of establishments contacted during this investi­
gation may be found in Appendix VI.
4. Results
4.1 Annealing Experiments
4.1.1 General Aspects
Specimens were prepared, annealed and hardness tested as 
described in Sections 3.2 and 3.3. In RR58 and Alloy F, the resultant 
annealing curves reflect the softening mechanisms, precipitation and 
resolution reactions occurring at the annealing temperature. Superim­
posed on these curves is the age hardening effect which occurs after
quenching from the annealing temperature, prior to hardness testing.
Consequently, to quantify the effect of the various precipitation and 
resolution reactions, an almost duplicate series of annealing experi­
ments was performed, using RR58 and Alloy F, in both the stabilised and 
unstabilised condition. The salient difference in this case, however, 
was that the specimens were not deformed prior to annealing, hence allow­
ing the effect of precipitation to be studied in isolation. The results 
of these experiments may be found in Sections 4.1.4 and 4.1.6.
The isothermal annealing temperatures used were selected 
on the basis of the following criteria:
i) Industrial relevance
ii) Experimental expediency, i.e. the temperatures
chosen had to be such that the range of annealing 
times was within manageable limits (a few seconds 
to a few months).
iii) Phase stability of the alloys
iv) The range of annealing temperatures should ideally
encompass the whole spectrum of softening behaviour 
exhibited by the alloys.
To establish the temperature range of interest, some
(330)initial scoping experiments were performed . These, when corre­
lated with the available industrial information, showed that the range 
of temperatures which fulfilled the above criteria lay between 270°C 
and 360°C. It was also ascertained that 30°C increments within this 
range would be sufficiently small to resolve any variation of softening 
mechanism with temperature.
4.1.2 Experimental Reproducibility
Initial isothermal annealing experiments were performed 
to check the reproducibility of the specimen preparation schedule. For 
this purpose, the most difficult to reproduce condition was chosen, RR58 
in the unstabilised condition. A cube, randomly selected from the ori­
ginal as-sawn stock, was prepared according to the schedule described 
in Section 3.2.3, and the resulting specimens annealed at 270°C and
33Q°C. After several months had elapsed, the experiments were repeated, 
starting with another randomly picked cube. Figure 41 compares the re­
sults of these two sets of experiments. It can be seen that the curves 
are virtually identical, confirming that the specimen preparation sched­
ule produced a uniform and consistent starting material.
4.1.3 Annealing of Cold Worked Stabilised Alloys
4.1.3.1 Annealing of Stabilised RR58
Figure 42 shows the isothermal softening curves 
for stabilised RR58 at the standardised temperatures of 270°C, 300°C,
330°C and 360°C. It can be seen that the profiles of the curves change 
with the temperature. At 270°C, the curve shows that softening progress­
es slowly with a slight rate change at around 10 minutes. As the anneal­
ing temperature is increased, however, a marked discontinuity develops, 
and the curves display a "two-stage" behaviour. At 360°C, a significant 
change in curve shape occurs: the initial drop now being followed by a
noticeable increase in hardness with time. The behaviour at 360°C was 
not unexpected and is due to the resolution and subsequent room tempera­
ture precipitation of S phase (see Section 4.1.4.1).
4.1.3.2 Annealing of Stabilised Alloy F
Figure 43 shows the isothermal softening curves 
for Alloy F at the four annealing temperatures. It may be noted that 
these show similar overall characteristics to those for stabilised RR58, 
however, the degree of discontinuity and the times at which it occurs 
are different.
4.1.3.3 Annealing of Alloy C
Due to the constitutional stability of Alloy C 
at the annealing temperatures, it has been classed as a stabilised alloy 
(see Section 3.2.2). Figure 44 shows the isothermal softening curves for 
the alloy at the four annealing temperatures. It should be noted that 
although Alloy C is a classical "coarse particle" alloy (see Section 2.6), 
the curves do not follow the traditional sigmoidal behaviour, but instead 
display a marked inflection at temperatures below 360°C.
4.1.4 Annealing of Stabilised Unworked Alloys
The purpose of these experiments was to study the harden­
ing effect due to the partial resolution of S phase at the annealing tem­
perature and its subsequent precipitation at room temperature.
4.1.4.1 Annealing of Stabilised RR58
Figure 45 shows the isothermal annealing curves 
for unworked stabilised RR58. It may be seen that little occurs at the 
lower three temperatures, however, at 360°C, there is a significant 
amount of hardening (approximately 16 Hv).
4.1.4.2 Annealing of Stabilised Alloy F
Figure 46 shows the isothermal annealing curves 
for unworked stabilised Alloy F. It can be seen that the effect is large­
ly similar to that observed in RR58 (in that it is small below 360°C).
This was to be expected as the same phase is involved * any differences 
that are present being due to resolution and precipitation kinetics 
(Section 4.2.2).
4.1.5 Annealing of Unstabilised Cold Worked Alloys
4.1.5.1 Annealing of Unstabilised RR58
Figure 47 shows the isothermal softening curves 
for unstabilised RR58 at the four annealing temperatures. It can be seen 
that, in common with the stabilised alloys, the profile of the curves 
varies with temperature, a discontinuity in softening rate developing at 
300°C and 330°C, whilst at 360°C the room temperature precipitation con­
ceals any softening beyond 10 minutes. Also, it may be observed that the 
unannealed hardness in the unstabilised case is higher than in the sta­
bilised alloys (by approximately 23.5 Hv). This disparity was expected 
due to the precipitation of S phase from solution after the water quench 
from 400°C (see Sections 3.2.3.4 and 4.1.6.1).
4.1.5.2 Annealing of Unstabilised Alloy F
Figure 48 shows the isothermal softening curves 
for unstabilised Alloy F at the four annealing temperatures. Again, it 
may be seen that the curves develop noticeable discontinuities in the 
softening rate at 300°C and 330°C, and that in the 360°C curve, final 
softening is obscured by precipitation. As was the case with RR58, Alloy 
F in this unstabilised unannealed condition is harder (by approximately 
26 HV) than in the stabilised unannealed state.
4.1.6 Annealing of Unstabilised Unworked Alloys
The purpose of these experiments was to study the effect 
of annealing on the S phase hardening that occurred as the result of 
quenching from the overageing temperature of 400°C (see Section 3.2.3.4).
4.1.6.1 Annealing of Unstabilised RR58
Figure 49 shows the isothermal annealing curves 
for unworked unstabilised RR58. It may be noted from the curves that at 
the lower temperatures, a drop in hardness occurs (approximately 40 Hv) .
At 360°C, however, the S phase solubility difference between the anneal­
ing temperature and room temperature was sufficient to produce precipi­
tation (Section 4.1.4), hence softening at longer annealing times is 
largely obscured.
4.1.6.2 Annealing of Unstabilised Alloy F
Figure 50 shows the isothermal annealing curves
jlwim uuwui^a unstaoilised Alloy F. Apart from small differences in pre­
cipitation kinetics, it can be seen that these curves are very similar 
to those for unworked unstabilised RR58 (Section 4.1.6.1). Since the 
hardening precipitate in both cases is S phase, the similarity between 
the sets of curves is not unexpected.
4.2 Thermal Analysis Results
4.2.1 Differential Thermal Analysis (D.T.A.)
The results presented in this section are the output 
from the DuPont D.T.A. (see Section 3.2.2). The original data consisted 
of a 20°C per minute heating cycle and a free rate cooling cycle plotted 
at two sensitivities. Due to the rapid heating and cooling rates, the 
resulting exothermic and endothermic peaks had a considerable temperature 
offset. Although the actual cooling rate at any temperature was unknown, 
the peak positions were estimated by taking the mean of the values ob­
tained from the heating and cooling cycles. The resulting data is sum­
marised in Table 7.
4.2.1.1 D.T.A. on RR58
The results of D.T.A. on the sample of aged 
(see Section 3.2.2) RR58 showed no clearly defined peaks representing 
constitutional changes below the melting point during the heating cycle.
The melting temperature was estimated as 555°C, but this value is subject 
to the errors introduced by the unknown offset of the cooling cycle fea­
tures. The rapid cooling rate during freezing promoted segregation; an 
exotherm corresponding to the formation of the quasi-ternary segregate 
(see Section 2.7.1) was observed at approximately 525°C. This was followed 
by a less clearly defined peak associated with S phase precipitation.
4.2.1.2 D.T.A. on Alloy F
The results of D.T.A. on Alloy F in the aged 
condition (see Section 3.2.2) were similar to those of RR58, except that 
the peaks during the cooling cycle appeared to be slightly more clearly 
defined and distinctly separate. As expected, any intrinsic differences 
between the curves of Alloy F and RR58, which would be directly attri­
butable to the intermetallic particles, were inevitably off-scale.
4.2.1.3 D.T.A. on Alloy C
The establishment of the melting point of this 
alloy was the principal reason for using the D.T.A. technique, the melt­
ing point having to be determined for the intermetallic coarsening treat­
ment (see Section 3. 2.3.2) . The results of D.T.A. on Alloy C were as ex­
pected, showing no evidence of any significant constitutional change below 
the melting temperature of 625°C.
4.2.2 Differential Scanning Calorimetry (D.S.C.)
The results in this section are the output of the DuPont 
D.S.C. (see Section 3.2.2). The results are summarised in Table 7, 
while Figures 51 to 54 show examples of the curves obtained. Only the 
5°C per minute heating cycle is shown; the pens were automatically lifted 
for the free rate cool. The slow heating rate minimised peak displace­
ment (3 °C lag) . The results are again plotted at two sensitivities: 
the higher sensitivity output in this case running below the low sensi­
tivity. In Figures 51 and 52, the high sensitivity is twice that of the 
low sensitivity, whilst in Figures 53 and 54, there is an order of mag­
nitude difference between the pens.
4.2.2.1 D.S.C. of RR58 in the Aged Condition
Figure 51 shows the results of D.S.C. on RR58
aged in the manner described in Section 3.2.2. It can be seen that there
is an exotherm at about 275°C which corresponds to conversion of S f to
(294)
S phase. This is in accordance with the literature .
4.2..2.2 D.S.C. of Alloy F in the Aged Condition
Figure 52 shows the results of D.S.C. on Alloy F 
which was aged in exactly the same way as the RR58 (4.2.2.1). It may be 
seen that while the high temperature behaviour is similar, the peak at 
275°C is not present.
4.2.2.3 D.S.C. of Alloy C
This alloy had been given the same ageing treat­
ment as both the RR58 and Alloy F (4.2.2.1 and 4.2.2.2). As expected, 
the D.S.C. trace had no inflections on it whatsoever, implying that no 
significant constitutional changes occur below 600°C (the limit tempera­
ture of the apparatus).
4.2.2.4 D.S.C. of Solution Treated RR58
To further investigate the differences in be­
haviour between RR58 and Alloy F, the samples that the aged specimens 
in 4.2.2.1 and 4.2.2.2 had been machined from were resolution treated 
at 530°C for 4 hours. The results of D.S.C. on the solution treated 
specimen of RR58 showed two exothermic peaks: one at around 100°C and
another at approximately 275°C. These peaks may be attributed to the
development of S’ phase and its subsequent conversion to S phase. Com-
(294)parison with dilatometric results in the literature gives reason­
able agreement.
4.2.2.5 D.S.C. of Solution Treated Alloy F
The D.S.C. trace from solution treated Alloy F 
was similar to that of solution treated RR58 (4.2.2.2). There were some
differences however; the peaks occurred at 80°C and 280°C and were 
sharper; also, the relative peak amplitudes were different in this case; 
the low temperature peak being much larger than was the case with RR58.
4.2.2.6 Isothermal D.S.C. of Unstabilised RR58
In an attempt to confirm the presence of preci­
pitation mechanisms in samples of RR58 and Alloy F which had been quenched 
from the 400°C overageing temperature (see Section 3.2.3.4), isothermal 
tests were carried out. As the exotherm due to recrystallisation would 
mask one due to precipitation, the experiment was carried out on a sample 
taken from an undeformed specimen. The chosen temperature was 330°C; 
from the annealing curve for unworked unstabilised RR58 at this tempera­
ture (Figure 49), any precipitation reaction could be expected to occur 
between one and one thousand minutes. An extended isothermal run was 
performed using the D.S.C. cell near its ultimate sensitivity. The re­
sultant trace showed excessive disturbance during the initial cell sta­
bilisation period, while the remainder of the trace showed considerable 
electrical noise. Consequently, any reactions that might have occurred 
were completely obscured; thus, the experiment was terminated after six 
hours.
4.2.2.7 Isothermal D.S.C. of Unstabilised Alloy F
Using identical conditions to those for RR58
(4.2.2.6), a sample of unworked unstabilised Alloy F was analysed. The 
result obtained was virtually identical to that for RR58, showing consider­
able electrical interference, and hence was inconclusive. The test was 
continued for a longer period than the RR58 sample., however, the output 
remained consistent.
4.2.2.8 D.S.C. of Unstabilised RR58
As isothermal D.S.C. had failed to find any per­
ceptible reaction, it was surmised that the more sensitive thermal ramp 
technique might reveal the presence of precipitation. A similar speci­
men to that used in 4.2.2.6 was analysed, and the result of an overnight 
(to minimise electrical noise), high sensitivity D.S.C. run is shown in 
Figure 53. As can be seen, the curve plainly shows the formation of S f 
phase followed by an endotherm at about 240°C, as some of the S ’ phase 
particles redissolve to form fewer, coarser S phase particles, the growth 
of which gives the exotherm at 280°C. Thus, the possibility of S phase 
precipitation during recrystallisation in unstabilised RR58 was posi­
tively confirmed.
4.2.2.9 D.S.C. of Unstabilised Alloy F
A similar D.S.C. analysis to that in 4.2.2.8 
was performed on a sample of unstabilised Alloy F. The. resultant trace
was similar to that for RR58 showing the presence ot a precrpixatron 
reaction.
4.2.2.10 D.S.C. of Stabilised RR58
To ensure that the stabilising treatment (slow 
cooling from the overageing temperature of 400°C to below 250°C, see Sec­
tion 3.2.3.4) would completely prevent any precipitation during annealing, 
a D.S.C. specimen was machined from a sample of unworked stabilised RR58. 
The resultant D.S.C. trace is shown in Figure 54 where it is evident that 
no precipitation occurred.
4.2.2.11 D.S.C. on Stabilised Alloy F
The procedure of 4.2.2.10 was repeated for Alloy 
F. The resultant D.S.C. output showed no evidence of precipitation. It 
should be noted that the stabilised curves obtained for Alloy F and RR58 
are identical to their respective unstabilised curves, apart from the S’ 
and S phase reactions.
4.3 MetaHographic Observations
4.3.1 Interpretation of Micrographs
TO identify and characterise the mechanisms responsible 
for the softening behaviour of the alloys (Section 4.1), an extensive pro­
gramme of metallography was undertaken. Since the final technique adopted 
for this purpose was completely innovative (Section 3.4.4), the resulting 
micrographs are different from those obtained from less exotic techniques. 
The following is a brief guide to aid in the interpretation of the micro­
graphs .
Since the gallium delineation technique was conceived 
during the course of the investigation, the quality of the micrographs 
presented varies, depending upon the state of development of the tech­
nique at the time.that the microstructure was examined. Figure 55 is 
an example of one of the later, better micrographs; it shows a typical 
microstructure (unstabilised RR58, deformed 60% and annealed for 0.3 
minutes at 300°C); for clarity, this photograph is printed at higher 
than normal magnification. In this case, the gallium diffusion into 
the surface was limited and uniform, thus allowing a light conventional 
chemical etch. This etching revealed the S phase and darkened the iron/ 
nickel intermetallics. To establish familiarity with the appearance of 
various features, using the gallium technique, they are arrowed and 
numbered in Figure 55 and itemised below, 
i) Intermetallics
These are the coarse particles. They appear as a very light 
grey phase prior to etching, but darken considerably when etched,
ii) S phase
The circle shows an area of S phase precipitate. This is
invisible in the unetched condition (as is the case on some 
of the early micrographs), but after etching, appears (in 
black and white) as very fine black specks,
iii) Gallium pitting
This is inherent in the technique and is' often worse than in 
this photograph. The areas arrowed are gallium pits. There 
are also many smaller pits evident in the photomicrograph, 
and it may also be noted that the gallium has a tendency to 
delineate the intermetallic-matrix interfaces,
iv) Subgrains
There are numerous subgrains visible in this figure. Since 
they have been rendered visible by gallium penetration, they 
are bounded by a black line. It may be seen that they are 
generally associated with coarse particles and longitudinal 
in nature at this early stage of annealing. On further an­
nealing, these areas expand and become more equiaxed; if re­
crystallisation results, the subsequent grains are delineated 
in a similar manner.
It is hoped that this beief orientation will be an aid in 
the interpretation of the micrographs that are a product of the gallium 
plating technique. For ease of comparison, all of the photomicrographs 
resulting from the gallium technique are printed to the same scale (lOmrn 
on photograph = 1 0  microns on the specimen). For clarity, some are re­
peated at double the magnification, i.e. x 2000.
The micrographs of Alloy C were taken using a conven­
tional anodising/polarised light technique (Section 3.4.3); hence, the 
colour differences between the grains are a function of orientation.
It should also be noted that the photomicrographs for Alloy C have lost 
a significant amount of clarity and colour contrast on reproduction from 
the original colour transparency. All of the colour micrographs of Alloy 
C are printed at 800 times magnification.
For brevity, not all of the micrographs taken during the 
course of the study are included in this section. Only the minimum nec­
essary to convey the observed behaviour of each alloy is presented.
4.3.2 Metallograph of Annealed Stabilised RR58 Specimens
The cold worked specimens were isothermally annealed 
prior to metallography using the gallium plating technique. The obser­
vations made are described below, classified and subsectioned by anneal­
ing temperature.
4.3.2.1 Annealing at 270°C
Metallography revealed that within one minute
a fine subgrain structure develops; this is shown in Figure 56, where it 
can be seen that the subgrains are extremely small, i.e. generally less 
than a micron. Figure 57 shows the same area at double the magnification 
(x 2000) where it can be seen that the subgrains are predominantly elon­
gated* in nature and associated with the coarse particles.
On further annealing, a few more subgrains were 
seen to develop, but the prevailing mechanism was one of steady subgrain 
growth accompanied by their change to a more equiaxed morphology. This 
slow growth continued with increasing annealing time, but there was no 
sign of recrystallisation. Eventually, full softening was attained by 
this mechanism, and the resulting structure after 30,000 minutes is shown 
in Figure 58. It may be noted that in areas between clusters of coarse 
particles, there is a large number of small subgrains. It would appear 
that the growth of these subgrains has been limited by early mutual im­
pingement.
4.3.2.2 Annealing at 30Q°C
Figure 59 shows, that a large number of sub­
grains, principally associated with coarse particles, had developed 
within one minute. Reflecting the situation at 270°C, some of these 
were fine and elongated, but others had already begun to coarsen. As 
with the lower temperature, this coarsening continued with increasing 
annealing time,, eventually producing a slightly coarser subgrain size 
than was the case at 270°C. At long annealing times, however, there is 
evidence of some localised recrystallisation, as can be seen in Figure 
60 which shows the structure after 10,000 minutes. The recrystallisa­
tion regions, after their initial development, did not continue to grow; 
thus impingement was not reached.
4.3.2.3 Annealing at 330°C
At this temperature, subgrain development was 
observed to occur more quickly, Figure 61 showing the structure after 
0.3 minutes, whilst Figure 62 shows the same specimen at double the 
normal magnification (x 2000). It may be seen that at this early stage 
of development, the subgrains are very small (less than 2 microns) and 
almost exclusively confined to the immediate vicinity of the coarse par­
ticles. On further annealing, these subgrains coarsened, whilst others
*A11 of the micrographs presented in this study are of sections taken 
transversely to the rolling direction. The elongation observed is thus 
in the rolling plane but at right angles to the rolling direction. Cor­
relating this observation with those made during the sequential polish­
ing procedure used in the metallographic technique indicated that the 
original subgrains are of a "pancake" nature.
formed; ..and' at the longer annealing times, a number of subgrains devel­
oped into viable nuclei and limited recrystallisation occurred. Figure 
63 shows the fully-softened structure after 1000 minutes. It can be 
seen that there are a number of unimpinged recrystallisation regions, 
interspersed with significant areas of subgrains.
4.3.2.4 Annealing at 360°C
Subgrain formation at this temperature was very 
rapid, Figure 64 showing the structure after 0.1 minutes, whilst Figure 
65 shows the same specimen at double the magnification (x 2000). It can
be seen that, even in this short time, a subgrain structure is already
developing, principally near coarse particles. These subgrains increased 
in number and coarsened rapidly. A significant, number of viable nuclei 
were formed, and recrystallisation regions expanded throughout the struc­
ture. Figure 66 shows the structure just prior to full softening, where 
it can be seen that expanding recrystallised grains are consuming the 
fine subgrain structure. These grains in general grew to impingement, 
leaving only small regions of subgrains, predominately confined to areas
bounded by clusters of coarse particles.
4.3.3 Metallography of Annealed Stabilised Alloy F Specimens
Cold worked specimens of stabilised Alloy F were iso- 
thermally annealed and examined metaliographically using the gallium 
plating technique, Microstructural observations for each annealing tem­
perature may be found in the following subsections.
4.3.3.1 Annealing at 27Q°C
The structure after 3 minutes annealing is 
shown in Figure 67. As can be seen, there is no evidence of any sub­
grain formation, and the structure shows no visible change from the cold 
worked condition. It may be noted, however, that the structure has a 
heavy grain boundary precipitate bordered by a denuded region. Figure 
68 shows the structure in the fully softened condition after 30,000 
minutes annealing; here there is some evidence of subgrain formation in 
the denuded regions and in the immediate vicinity of coarse impurity 
particles (see Section 3.4.5). There is no evidence of any of these sub­
grains developing beyond this initial stage, even though the S phase pre­
cipitate had coarsened noticeably.
4.3.3.2 Annealing at 300°C
Figure 69 shows the structure after 3 minutes 
annealing, where a similar situation to that observed at 270°C may be 
seen, i.e. no subgrain formation. After extended annealing, some sub­
grains form in the denuded zones at grain boundaries and at coarse im­
purity particles; however, at this temperature, some limited growth is
observed. This may be seen in Figure 70, which shows the alloy in the 
fully softened condition after 10,000 minutes annealing.
4.3.3.3 Annealing at 330°C
At this annealing temperature, the alloy be­
haviour departs from the trend established at the lower two temperatures. 
This is demonstrated by Figure 71, which shows the alloy after only 1 
minute annealing. It can be seen that fine elongated subgrains have 
formed in the denuded regions at grain boundaries and around coarse im­
purity particles. On further annealing, some limited growth of the sub­
grains occurred, as can be seen in Figure 72 which shows the development 
after 300 minutes. This limited growth does, however, result in the 
eventual formation of some viable nuclei which then produce comparatively 
rapidly expanding recrystallisation regions. These grow, but stop well 
before reaching impingement. This can be seen in Figure 73 which shows , 
a fully softened specimen after 1000 minutes annealing.
4.3.3.4 Annealing at 36Q°C
Apart from enhanced kinetics, the behaviour at 
this temperature was very similar to that at 330°C. Figure 74 shows the 
early development of subgrains (within 1 minute), which coarsen and be­
come more equiaxed, eventually resulting in limited recrystallisation 
taking place. This can be seen in Figure 75 which shows the structure 
after 300 minutes. It may be noted that the percentage area occupied by 
recrystallised regions is greater than at 330°C, but still far from full 
impingement.
4.3.4 Metallography of Annealed Alloy C Specimens
The cold worked specimens of Alloy C were given iso­
thermal heat treatments at the four annealing temperatures. Metallo- 
graphic observations for each annealing temperature may be found in the 
following subsections. In order to introduce the appearance of the 
microstructures, as revealed by the anodising/polarised light technique 
(see Appendix IV), the changes in microstructure for the first sub­
section (270°C) will be presented in a stepwise manner. It should be 
noted that what appears to be a fine white precipitate in some micro­
graphs is an artifact of the anodising process.
4.3.4.1 Annealing at 270°C
Figure 76 shows the structure after 3 minutes 
annealing. It may be seen that a fine, elongated, but not very distinct 
subgrain structure is developing. By 10 minutes (Figure 77), the sub­
grains have sharpened and now occupy virtually the entire structure, but 
as yet show little evidence of coarsening or becoming more equiaxed. At 
30 minutes, however, (Figure 78) some have become viable recrystallisa-
tion nuclei (judging by the increased size and difference in orienta­
tion) . Within 100 minutes (Figure 7 9 ), many more possible embryonic 
nuclei are seen, and some have begun to grow, in all cases the nuclei 
originating from a particle. It should be noted that three different 
types of area are visible in Figure 79: areas where subgrain coarsening
is still in its early stages, areas where a large number of subgrains 
have coarsened but whose subsequent growth has been slowed by mutual 
impingement, and finally, areas where subgrains have already grown into 
viable, expanding recrystallisation nuclei. The resultant softened 
structure after 1000 minutes is shown in Figure 80 which shows the ex­
tremes of grain size variation observed.
4.3.4.2 Annealing at 30Q°C
At this temperature, subgrain development was 
observed to be quicker than at 270°C. Figure 81. shows the structure at 
10 minutes, where it can be seen that subgrain development is extensive 
and that some possible embryonic recrystallisation nuclei have already 
formed. It is interesting to note that instead of forming at a single 
particle, some nuclei are observed to form preferentailly from an area 
of two or more particles in close proximity. As the annealing time is 
increased, the recrystallisation nuclei grow until impingement, result­
ing in a fully-softened recrystallised structure by 300 minutes (Figure 
82).
4.3.4.3 Annealing at 330°C '
Figure 83 shows that subgrains developed with­
in 1.0 minute, some near particles already appearing to be of suffi­
cient size and misorientation to be viable nuclei. By 3.0 minutes, as 
shown in Figure 84/ considerable nucleation has taken place, and expand­
ing recrystallisation regions are consuming the surrounding subgrain 
structure. Figure 85, which shows the fully-softened structure after 10 
minutes, confirms that recrystallisation is complete.
4.3.4.4 Annealing at 360°C
The mechanisms observed at this temperature are 
similar to those at the lower temperatures, but happen more quickly. 
Figure 86 shows the structure after 0.3 minutes, indicating that subgrain 
formation has occurred and that some nuclei have already been formed. 
Recrystallisation then progresses rapidly to give a fully recrystallised, 
equiaxed structure within 3 minutes, as shown by Figure 87.
4.3.5 Metallography of Annealed Unstabilised RR58 Specimens
Cold worked specimens of unstabilised RR58 were isother­
mally annealed and examined metallographically using the gallium plating 
technique. Microstructural observations for each annealing temperature
may be found in the following subsections.
4.3.5.1 Annealing at 2.70°C
The microstructural behaviour of unstabilised 
RR58 at 270°C was found to be similar to that observed, in the stabilised 
alloy at this temperature: fine, elongated subgrains forming within a
minute as shown in Figure 8 8 . The subgrains were almost invariably 
associated with coarse particles. On increasing the annealing time, 
more subgrains formed, and as in the stabilised case at 270°C, grew, 
coarsened and became more equiaxed. There was no evidence of recrystal­
lisation even when fully soft after 50,000 minutes, as shown in Figure 
89. The final structure appeared very similar to that observed in sta­
bilised RR58 at 270°C when fully softened.
4.3.5.2 Annealing at 30Q°C
In order to show the exact relationship between 
the shape of the softening curve and the softening mechanisms involved 
in these unstabilised alloys, one softening curve was followed closely 
by examining the microstructure accompanying each hardness value.
Figure 90 shows the structure after 0.3 min­
utes annealing; Figure 91 shows the same specimen at double the magni­
fication (x 2000). It may be observed that subgrain formation is just 
beginning, with fine elongated subgrains forming at coarse particles. 
Figure 92 shows the structure at 1.0 minute; here many more subgrains 
have appeared. At 3 minutes (Figure 93), the structure appears to 
have changed little; even at 10 minutes (Figure 94), there is only some 
indication of subgrains beginning to coarsen and become more equiaxed. 
Finally, at 30 minutes (Figure 95), the first signs of subgrain coars­
ening appear. By studying Figure 96, which is at double the magnifi­
cation (x 2000), it can be seen that some of the subgrains have coars­
ened to the size of viable nuclei. Between 30 and 100 minutes, these 
nuclei grew (Figure 97), consuming the surrounding coarsened subgrains. 
By 6000 minutes, which corresponded to full softening, the structure 
consists of a mixture of recrystallised grains and patches of uncon­
sumed coarsened subgrains (Figure 98).
4.3.5.3 Annealing at 330°C
Figure 99 shows the structure after annealing 
for 1.0 minute, whilst Figure 100 shows the same area at double the mag­
nification: subgrain formation at coarse particles may be seen. These
subgrains followed the trend observed at 300°C, resulting in a final 
softened structure at 1000 minutes, which consisted of recrystallised 
grains and the occasional area of unconsumed coarsened subgrains, as « 
shown in Figure 101.
4.3.5.4 Annealing at 360°C
As was the case with the stabilised alloy, the 
behaviour at this temperature is similar to that at 300 and 330°C, but 
the processes are more rapid. Figure 102 shows the structure after only 
0 .3 minutes; at this time, subgrain growth is already well advanced. 
Nuclei development and growth soon followed, producing a fully-softened 
structure within 10 minutes, as shown in Figure 103. The resulting 
structure was analagous to that of the stabilised alloy at 360°C, being 
generally of a recrystallised nature; but there are some remaining pat­
ches of coarsened subgrains, principally between clusters of coarse par­
ticles.
4.3.6 Metallography of Annealed Unstabilised Alloy F Specimens
Cold worked specimens of Unstabilised Alloy F were iso- 
thermally annealed and examined metallographically using the gallium plat­
ing technique. Microstructural observations for each annealing tempera­
ture may be found in the following subsections.
4.3.6.1 Annealing at 270°C
Reflecting the stabilised condition, the micro- 
structure of unstabilised Alloy F features heavy grain boundary precipi­
tation, bordered by denuded regions free of the fine S phase precipitate. 
This may be seen in Figure 104, which shows no sign of subgrain formation 
after annealing at 270°C for 1.0 minute. Figure 105 shows the structure 
in the fully-softened condition after 50,000 minutes annealing; here, 
there is some indication of subgrain formation in the denuded regions 
and in the.immediate vicinity of the coarse impurity particles (see 
Section 3.4.5). There is no evidence of any tendency to further sub­
grain growth, even though the S phase precipitate has coarsened notice­
ably.
4.3.6 .2 Annealing at 300°C
Figure 106 shows the structure after 0.3 min­
utes annealing, where a similar situation to that at 270°C may be ob­
served, i.e. no subgrain formation. After extended annealing at this 
temperature, however, some subgrains do form in the denuded regions at 
grain boundaries and at coarse impurity particles. These subgrains then 
coarsen and grow to a certain degree. This may be seen in Figure 107 
which shows the alloy in the fully softened condition after 10,000 min­
utes annealing.
4.3.6 .3 Annealing at 330°C
Figure 108 shows the structure after anneal­
ing for 1.0 minute. On careful inspection, it is possible to discern 
that some fine subgrains have formed in the denuded regions and at
coarse impurity particles. These subgrains grow with increasing anneal­
ing time, eventually leading to limited recrystallisation originating 
mainly at grain boundary triple points. This can be seen in Figure 109 
which shows the structure after 1000 minutes.
4.3.6.4 Annealing at 360°C
The behaviour at this temperature reflects the 
more rapid kinetics of the processes involved. Figure 110 shows the 
microstructure after annealing for only 0.3 minutes, where it can be 
seen that subgrain formation and growth has occurred, principally in 
the denuded zones adjoining grain boundaries and at coarse impurity 
particles. This early development and coarsening of subgrains eventually 
results in limited recrystallisation taking place. This can be seen in 
Figure 111 which shows the fully-softened condition after.300 minutes: 
recrystallised regions have spread from the pre-existing grain boundaries 
to a greater degree than at 330°C, but still have not achieved full im­
pingement .
4.4 Summary of Annealing Experiment Results
The observed metallographic results from the preceding sections 
are presented in a schematic manner in Tables 8 and 9. These microstruc­
tural changes and the resulting softening curves are consolidated in 
Figures 112 and 113. A summary of the results in these two modes allows 
easy comparison, rapid reference and a view of the overall trends.
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5.1 Phase Stability
The S phase solubility in RR58 and Alloy F is a function of tem­
perature, as indicated in Figures 19 to 22 (these ternary diagrams are 
slightly modified by the presence of silicon). Thus, a significant solu­
bility difference exists between room temperature and the overageing tem­
perature of 400°C, with an intermediate solubility at the final annealing 
temperature.
Using thermal analysis, as described in Section 3.2.2, the phase 
stability for each alloy and condition was determined. In unstabilised 
RR58 and Alloy F, the presence of an exothermic peak indicating S ’ pre­
cipitation, followed by the endotherm accompanying its resolution and the 
exotherm on conversion to S phase (Figure 53), confirmed that a signifi­
cant quantity of S phase was retained in solution and would result in S 
phase precipitation at the final annealing temperature. The amount of 
precipitation during annealing would depend on the difference between 
the annealing and overageing temperature.Conversely, in the stabilised 
condition, thermal analysis revealed no evidence of any precipitation 
reaction (.Figure 54), indicating that the slow cooling treatment effec­
tively depleted any non-equilibrium S phase solute from solution. Ther­
mal analysis on Alloy C indicated that it had virtually complete consti­
tutional stability over the range of temperatures necessary for this in­
vestigation (4.2.2.3) and established its solidus (Table 7) so that a 
coarsening treatment could he instituted (Section 3.2.3.2)_.
A further facet of the S phase solubility variation with tem­
perature is that on quenching RR58 and Alloy F from the annealing tem­
perature, some solute is retained; hence, precipitation then follows by 
low temperature ageing. This effect was quantified experimentally 
(Sections 4.1.4 and 4.1.6) and is discussed in Section 5.2.2.
An interesting feature revealed by thermal analysis was the 
difference in S phase formation kinetics between RR58 and Alloy F. As 
can be seen from the D.S.C. and D.T.A. curves (Sections 4.2.1 and
4.2.2), the peaks present in RR58 tend to be less clearly defined than 
they are in Alloy F, implying a slower reaction, hence different diffu­
sion or precipitation kinetics. This point is particularly brought out 
by the curves on the aged specimens (Figures 51 and 5 2), where the 
treatment on RR58 still leaves a large S' to S phase exotherm; whereas, 
exactly the same treatment on Alloy F shows no S' to S exo therm, imply­
ing that this conversion had already occurred during the ageing treat­
ment (Sections 4.2.2.1 and 4.2.2.2). This result would appear to be in 
direct contradiction to the results of workers such as Wilson and
Forsyth^17\  who state that although the addition of iron or nickel to 
the basic Al, Cu, Mg ternary will interfere with ageing, their simultaneous 
addition will restore the behaviour to that of the basic alloy. There 
are, however, several important differences between the current work and 
that of Wilson and Forsyth: their ageing temperature was 190°C, not
215°C; they used an alloy which did not contain silicon, and their work 
was based on aged hardness, not D.T.A./D.S.C. data. The study of preci­
pitation mechanisms during annealing of unworked, unstabilised alloys 
(Section 4.1.6), however, would tend to support the D.S.C.. evaluation, 
and this is further discussed in Section 5.2.2.
5.2 Annealing Results
Apart from Alloy C which is inherently stable, all of the an­
nealing curves which show the softening behaviour of worked alloys are 
a combination of the softening behaviour per se, plus the superimposed 
influence of precipitation reactions. In order to relate the observed 
annealing behaviour to the softening mechanisms responsible, it would 
be advantageous to separate the hardness changes due to recovery and re- 
crystallisation from the hardness changes caused by precipitation re­
actions. The following subsections describe how this refining of the 
data can be accomplished.
5.2.1 Stabilised Alloys
Since Alloy C has no measurable quantities of precipi- 
table phases at the annealing temperatures, its softening curves, as 
presented in Figure 44 and Section 4.1.3.3, are intrinsically free from 
modification by precipitation effects. Hence, the curves can be used 
without any correction.
This, however, is not the case for "stabilised" RR58 
and Alloy F, since they are inherently not fully stable at the anneal­
ing temperatures. The "stabilising" treatment, prior to final rolling 
and annealing, ensured virtually total, non-equilibrium, S phase solute 
depletion from the matrix by precipitation on the pre-existing, over­
aged S phase particles.. On subsequent reheating to the recrystallisa­
tion temperature, however, a slow limited dissolution of each particle 
occurred, bringing the matrix solute content up towards its equilibrium 
value. The extent of this resolution depended on the annealing tempera­
ture and time, as the dissolution process is known to be slow (2.7.2).
To obtain an accurately-known annealing time, the experi­
mental method dictated a rapid quench from the annealing temperature, 
thus retaining in solution nearly all of the matrix solute content at 
the annealing temperature. Consistent reproducibility of results after 
each quench was ensured by a low temperature cycle, which aged each
specimen to a level equivalent to,full natural ageing, prior to hardness 
testing (see Section 3.3.3). This procedure formed G.P. zones, hence 
hardening the specimen. The degree of hardening depended on the prior 
non-equilibrium solute concentration, i.e. increasing with increasing 
annealing temperature and time. To confirm and quantify this behaviour, 
a duplicate series of annealing experiments were performed on identi­
cally prepared, but undeformed specimens. The results are presented in 
Figures 45 and 46 and Section 4.1.4, where it can be seen that the re­
sultant hardening was as expected. The smail drop in hardness observed 
in RR58 after 3000 minutes at 360°C was attributed to a slight coarsen­
ing of the S phase precipitate (see Section 3.4.6). This G.P. zone for­
mation would explain the apparently incomplete softening of worked alloys 
when annealed at 360°C (Figures 42 and 43), whereas, full softening had 
occurred at lower temperatures within similar annealing times.
The kinetics of precipitation and the precipitate mor­
phology of the above reaction are affected by the presence of cold work 
(see Section 2.7.1). Comparison of Figures 42 with 45 and 43 with 46, 
however, shows that the kinetics of the S phase dissolution which is re­
sponsible for subsequent G.P. hardening, are such that no significant 
resolution occurs prior to the preponderance of cold work being removed 
by the softening mechanisms. Thus, it can be seen that it would not be 
significantly in error to assume that the kinetics and quantitative ef­
fect of this ageing process are the same in both the worked and unworked 
stabilised specimens for a given alloy. If this assumption is made, 
then at any particular annealing time and temperature, an estimation of 
the hardness change due to softening mechanisms per se, can be made by 
subtracting the room temperature hardness increase in an annealed un­
worked specimen from the overall hardness value of an annealed worked 
sample.
This has been done for both RR58 and Alloy F and is pre­
sented in Figures 114 and 115, respectively. These may be regarded as 
’’corrected" annealing curves, as they show the effect of the softening 
mechanisms in isolation, without the modification of any subsequent room 
temperature precipitation. However, it should be noted, firstly, that 
the profiles of the corrected curves are still far removed from the sig­
moid traditionally associated with recrystallisation and, secondly, that 
their profiles change.with temperature, as is illustrated by Figure 116.
5.2.2 Unstabilised Alloys
Quenching specimens of RR58 and Alloy F from the over­
ageing temperature of 400°C, prior to deformation, can be expected to 
produce a matrix phase which is supersaturated with respect to S phase.
On subsequent deformation, or soon afterwards, G.P. zones would be formed 
at room temperature. This age hardening is reflected in the higher ini­
tial hardness of the unstabilised alloys, as compared to the stabilised 
alloys (see Sections 4.1.3 and 4.1.5).
The removal of cold work during annealing and the subse­
quent ageing after quenching, which occurred in the stabilised alloys 
(Section 5.2.1), can also be expected to occur in the unstabilised 
specimens. The as-annealed properties of the latter, however, are fur­
ther complicated by the possible conversion, initially to S’ phase, then 
to S phase, during annealing, of the G.P. zones which had been formed at 
room temperature prior to annealing. As described in Section 2.7.1, S f 
and S differ little, the principal distinction being that Sf has the low 
temperature lath morphology, whilst S is the extended ageing time, higher 
temperature massive precipitate. The conversion to S phase would be ex­
pected to produce a drop in hardness; this is confirmed by Figures 49 and 
50 which show the softening on annealing unworked alloys in the unstabi­
lised condition. It should be noted that these curves include the hard­
ening component due to room temperature ageing after quenching from the 
annealing temperature (as was the case for the stabilised alloys). For 
this reason, the 360°C curves do not show the same degree of softening 
as the lower annealing temperatures. The curves also indicate that the 
reaction kinetics are slower in RR58 than in Alloy F, which is consis­
tent with the D.S.C. results (see 4.2.2.1, 4.2.2.2 and 5.1), but contra­
dicts the findings of Wilson and F o r s y t h T h e i r  statement, however, 
that precipitation kinetics are unaffected by the combined presence of 
iron and nickel was based on the time to reach peak hardness, whereas 
the above curves are due to a reaction associated with overageing.
Referring to Figures 47 to 50, it can be seen that in 
these unstabilised alloys, the G.P. zone to S phase conversion reaction 
takes place during the early stages of annealing, at which time the 
amount of cold work present in the alloys is still high, but constantly 
decreasing. Since the kinetics and hardening effect of this conversion 
are significantly affected by the presence of cold work, a simple curve 
subtraction, as was performed for the stabilised alloys, cannot be used 
to quantitatively correct for the effect on overall softening. Inter­
pretation of the worked alloy annealing curves, however, would be aided 
if it were known which features of the curve were due to precipitation 
and which were due to the softening mechanisms. The first step to 
achieving this goal is to remove the effect of ageing after quenching 
from the annealing temperature, as was performed in the case of the 
stabilised alloys. Thus, subtracting the curves in Figures 45 and 46
from 47 and 48, respectively, leaves Figures 117 and 118. These "par­
tially corrected" curves show the effect of softening, plus the superim­
posed effect of the G.P. zone/S phase conversion.
Experimental expedience necessitated that any further 
correction of the unstabilised softening curves would be of a qualitative 
nature. The approach is to estimate the influence of the G.P. to S phase 
conversion in an annealed worked alloy by recalculation on the basis of 
the precipitation reaction measured in an unworked sample during anneal­
ing. This is illustrated by reference to the behaviour of Alloy F at 
360°C, the basic conclusions of which may then be applied to the other 
cases.
The first step in the recalculation is the isolation of 
the precipitation reaction in the unworked alloy, i.e. the G.P. zone/
S phase conversion from the room temperature ageing that occurred after 
quenching from the annealing temperature. This can.be done by subtract­
ing the hardening component of the unworked stabilised Alloy F curve at 
360°C in Figure 46 from that of the unworked unstabilised Alloy F curve 
at 360°C in Figure 50 to leave a result as in Figure 119. This shows 
that the result of the G.P. zone/S phase conversion in isolation is a 
progressive drop in hardness with time. The resultant overall hardness 
change is greater than the hardness differential between the stabilised 
and unstabilised alloy in the as-worked condition, as may be seen by com­
paring Figure 43 with 48. This disparity can be explained by the fact
that hardening mechanisms (i.e. cold work and G.P. zone formation) are
(331)not purely additive , therefore, it would be expected that the effect 
of precipitation in the cold worked state would be less in absolute value 
than in the undeformed state. Since the as-worked hardness for both the 
stabilised and unstabilised alloys is known, the initial contribution of 
the G.P. zones may be ascertained, and from this a ratio of their harden­
ing effect in the cold worked, as opposed to the undeformed state, may 
be calculated (found to be 0.57 in RR58 and 0.71 in Alloy F). The ratio 
does not account for such factors as the slight coarsening of the S phase 
during the stabilising treatment, and also it will not remain completely 
constant with time due to the complex variation of the two strengthening 
mechanisms. However, due to the decreasing nature of the G.P. zone com­
ponent, the assumption of a fixed ratio will not be seriously in error 
for an approximate overall correction calculation. Thus, the hardening 
values in Figure 119 may effectively be scaled by the above ratio: a
factor estimated as approximately 0.6,
The next correction that has to be considered is the 
difference in the kinetics of G.P. zone/S phase conversion in the matrix
phase of an unworked sample as compared to a softening worked sample.
This kinetic difference is present because the predominant rate con­
trolling step in the G.P. zone S’ S phase resolution and precipi­
tation reaction is the nucleation of S r phase (see Section 2.7.1). In 
the case of the undeformed alloy, this occurs by nucleation at equili­
brium defects, at defects remaining from the quench and by. homogenous 
nucleation. On the other hand, in the case of the deformed alloy, the 
stress fields present within the cold worked structure serve to diminish 
the elastic coherency strains between precipitate and matrix, hence facil-
(313)
itating the nucleation of S' phase. Cahn has shown that this phe­
nomenon results in the lowering (in certain cases the suppression) of the 
energy barrier for nucleation.
Thus, in the deformed alloy, the rate of resolution of 
the G.P. zones and subsequent precipitation will be very much accelerated 
due to the close proximity of a large number of suitable nucleation sites 
for S’ phase. However, as annealing continues and the cold worked struc­
ture is gradually removed, the number of nucleation sites decreases pro­
gressively, hence reducing the accelerating effect with time.
If it is assumed that the rate controlling step for the 
resolution reaction is purely dependent on the availability of suitable 
nucleation sites for ST, and that these sites are associated with dislo­
cations, then the time to reach a given hardness in the deformed alloy, 
t^, as compared to the time taken to reach an equivalent hardness in the 
undeformed alloy, t , will be given by the following expression:
t . • p
t, = :-2-— i - ci3)
d pd
where
i.e.
p is the undeformed material dislocation density (a constant) 
u
is the deformed material dislocation density (varies with 
annealing time).
t
t u
d Pd/Pu
The ratio of P(j/Pu varies with the annealing time, t^,
in a manner governed by the softening mechanisms operating in the alloy.
Experimental observation (Section 4.3) showed that for the relevant times
the operative softening process is recovery. Thus, in the simplest case, 
(12 13 332-335)it can be shown > > / that if a model of a homogenous disloca­
tion network is assumed, where R is the average distance between the dis­
locations in the network, then on annealing, its time dependence may be
6t - (15)
written as follows:
M =  I  - (14)
St R
- 1/2
If R is expressed in terms of a dislocation density, i.e. R = p  
then expression 14 may be rewritten as
|2- = -Kc2
S ^
Or by integration, this becomes
- - ± —  = Kt - (16)
pd po
where, if only annihilation in the subgrains is considered (12) 
then
K = 2 ]iT
and y = dislocation mobility
t = line tension
PQ = dislocation density in the cold worked material
No value of K for an alloy similar to Alloy F, or the parameters 
necessary to calculate it, are available in the literature; however,
/ o o \
K for pure aluminium is available where r \ = 8.0 x
-15 2 -1
10 m .S. . This value is at best an approximation in this case.
(3 3 7)
It is likely to be modified, by at least an order of magnitude ,
in RR58 and Alloy F, by the high vacancy binding energy of the silicon
—16 2 —1
present in the alloys, i.e. K (35q °c ) = x 10 m-s .
Rearranging equation (16) gives
= Kt +
pd po
Pd " (Kt + 1/P0)
Substituting for p^ from equation (13) gives
t p •u u 1 - (17)
td (Kt + l/pQ)
or t = t p (Kt + 1/p )
d u u o
as t was the measured variable, let t = t 
u u
Then Sd = V u (Kt« + 1/po)
= t 2P K + J & i  - (18)
u u p
10 12 ^2 
Typical values for are 10 - 10 lines . m
and for p are 10"^ —  10"^ lines . m 2 
o
Thus, it can be seen that to a first approximation, the term 
t pu u , , .
  tends to zero at short times
po
Therefore (for short times only)
t, = t 2p K - (19)d u u
. 2  Q n  n10 ' - n12N = t x 8.0 x 10 x (10 to 10 )
u
= 8.t 2 x (10 ^ to 10 ^) sec.
u
Thus, the curve in Figure 119 showing the G.P. zone/S 
phase softening in the unworked alloy may be interpolated by using the 
above relationship, which will drastically accelerate the rate of soft­
ening at short times, but will have a decreasing effect with increasing 
time. This recalculated data is presented in Table 10, and the resultant 
curves are presented in Figure 120, which shows the range of predicted 
reaction rates in the worked specimen during annealing. As can be seen 
in Figure 120, the reaction has experienced a large acceleration at 
short times to the extent that there is considerable softening at times 
less than 0.01 of a minute. In practice, however, the specimen could 
not reach a temperature at which these reactions will begin in such 
short times; therefore an allowance has to be made for this specimen 
heating time. Measurements made of specimen heating time (see Section
3.3.2) indicate that the specimen would reach a temperature at which the 
precipitation reaction would commence (approximately 250°C - see Figure 
53) in a few seconds. Consequently, this heating time must be added to 
the accelerated times calculated for Figure 120. As a convenient approxi­
mation, 6 seconds (0.1 minute) may be added as a heating time, resulting 
in Figure 121. If these curves in Figure 121 are now subtracted from 
the original "partially corrected" 360°C curve in Figure 118 , then Figure 
122 results.
This resultant "corrected" curve shows that the principal 
effect of subtracting the G.P. zone/S phase reaction is to remove the 
initial higher hardness, and by so doing, to account for the rapid hard­
ness decrease which occurs within the first few minutes of the annealing 
treatment. Since this hardness drop is associated with the nucleation 
and growth of Sf followed by S phase, its effect on the observed micro­
structure should be considered when interpreting the annealing results
(Section 5.3.2), although it should be noted that the amount of precipi­
tate decreases with increasing annealing temperature. At 360°C, the ef­
fect of the precipitation reaction on the softening mechanisms is at its 
minimum. It would, therefore, be expected that the "corrected" annealing 
curve in Figure 122 should be similar to stabilised Alloy F at 360°C.
This may be seen to be the case, the stabilised alloy curve having been 
inserted for comparison.
Thus it can be seen that although an exact correction for 
the precipitation softening that occurs during annealing of the worked 
alloys has not been made, an approximation of the modifying effect of 
the precipitation has been determined. The general concept of this modi­
fication can be extrapolated to lower temperatures and to RR58 in that 
the initial rapid drop in hardness, which is the chief disparity between 
the profiles of the stabilised and unstabilised curves, is due to the 
G.P. zone/S phase reaction.
It should be noted that even after compensating for this 
modification, the.resulting profiles of the annealing curves are not the 
tranditional sigmoid associated with recrystallisation. The mechanisms 
responsible for these unconventional softening profiles are discussed in 
the following section.
5.3 The Role of Recovery and Recrystallisation
The corrected softening curves for the annealed worked alloys 
obtained by the procedure described in the preceding sections may now be 
correlated with the observed microstructural changes which were described 
in Section 4.3. The stabilised and unstabilised alloys are discussed 
separately in the following sections.
5.3.1 The Stabilised Alloys
5.3.1.1 Alloy C
The intermetallics present in Alloy C are of 
the size and spacing (Section 3.4.6) that are classically associated 
with a "coarse" particle alloy, i.e. a particle spacing in the region 
where recrystallisation acceleration occurs (see Sections 2.6.1.1 and
2.6.3.2). Although in specification, therefore, the alloy was typical 
of many previously studied, the isothermal annealing curves (Figure 44) 
at the lower three temperatures showed a distinctly different profile to 
that presented by other workers, a clearly distinguishable discontinuity 
occurring in the softening rate.
An indication of the mechanisms responsible for 
this effect can be obtained from the extensive metallographic programme 
described in Section 4.3.4* The progress of the softening processes is 
most clearly shown in the sequence of photomicrographs at 270°C (Section
4.3.4.1); here it may be seen that the subgrain structure is barely 
visible at the shortest time period (3.0 minutes). This lack of defini­
tion could either be due to the lack of orientation resolution in the 
current metallographic technique, or it could arise from the possibility
that the basic cell structure is not clearly defined in the cold worked
(15)
condition, as described by Swann , and requires a short annealing time 
before establishing itself c l e a r l y .  However, after annealing for 10 
minutes, the substructure is clearly defined and has already begun to 
coarsen. This is consistent with the reported observations that coarse 
particles promote subgrain.'formation (see Section 2.6.2.2). Also, it is 
known that subgrain formation and coarsening are associated with con­
siderable softening^. This is reflected by the softening curve which 
indicates a one-third drop in hardness at 10 minutes. This extensive 
softening by recovery mechanisms is to be expected in high stacking 
fault energy metals such as aluminium, due to the relative ease of dis­
location rearrangement processes (cross-slip, etc., see Section 2.3).
The micrograph at 30 minutes indicates that some subgrains near coarse 
particles have grown by sub-boundary migration, consuming the particle 
associated deformation zone and forming viable nuclei which are in the 
process of expansion. These recrystallisation regions then grow until 
impingement, resulting in full recrystallisation and rapid softening.
The recovery processes, however, are continuing simultaneously and thus,
(25)
as shown by Vandermeer and Gordon , will moderate the progress of 
primary recrystallisation to give the tranditionally accepted sigmoidal 
softening shape (on a logarithmic time scale). This behaviour is re­
flected in the softening curve, which shows a rapid sigmoidal drop in 
hardness after 30 minutes: the metallographic evidence corroborating
this, showing partial recrystallisation at 100 minutes and full re- 
crystallisation within 1000 minutes.
The photomicrograph depicting the structure 
after 1000 minutes (Figure 80), highlights the variation in recrystal­
lised grain size observed in some of the fully softened Alloy C speci­
mens. Although further work would be required to categorically confirm 
these initial observations, it would appear from the two-dimensional 
view presented by the micrographs that the fine grained regions corre­
sponded to areas where there is a statistically higher population of 
coarse particles. In these areas, a large number of subgrains grew 
simultaneously to form nuclei, which subsequently grew and mutually 
impinged, resulting in the fine grains observed. This inhomogenous 
distribution of coarse particles would tend to indicate that the 
forging practice used for dispersion during specimen preparation was
inadequate for this alloy.
Similar observations can be made for the be­
haviour at 300°C (4.3.4.2), apart from differing kinetics. Initial re­
covery accompanied by softening occurs, followed by nucleation at about 
10 minutes (Figure 81). Again, the inception of nucleation is associated 
with the start of a rapid drop in hardness, resulting in full recrystal­
lisation by 300 minutes. These trends are reflected in the softening 
curve (Figure 44).
At 330°C, the pattern is repeated (see Section
4.3.4.3); the structure after 1.0 minutes shows that subgrain develop­
ment is responsible for the initial drop in hardness (Figure 83), nucle­
ation having only just started. By 3.0 minutes, the structure consists 
of expanding recrystallisation regions in a coarsening subgrain matrix 
(Figure 84). As at the other temperatures, this recrystallisation is 
responsible for the second rapid drop in hardness shown by the softening 
curve (Figure 44 ) , resulting in full recrystallisation within 10 minutes 
(Figure 112).
Thus, it can be seen that the characteristic 
’'humped” shape of the softening curves at 270, 300 and 330°C is due to 
the sequential nature of the reactions that take place. The first rapid 
drop in hardness is due to the formation of a subgrain structure; the 
softening process then slows, as any further softening is governed by 
the relevant subgrain rearrangement processes during recovery. At some 
point, however, viable nuclei are formed, recrystallisation commences 
and is accompanied by the second rapid drop in hardness, which leads to 
full softening. The times at which these processes occur are, of course, 
temperature dependent, as can be seen in Figure 116. Increasing the 
annealing temperature shortens the time for each step to occur.
At 360°C, the temperature dependent accelera­
tion is such that nucleation and recrystallisation occur before any sig­
nificant softening due to recovery. Nuclei appear before 0.3 minutes 
(Figure 86), resulting in full recrystallisation within 3.0 minutes.
This situation at 360°C, where little softening by recovery occurs prior 
to the inception of nucleation, gives the traditionally recognised sig­
moidal profile to the overall curve.
Thus, it can be seen that Alloy C confirms the 
generally accepted view that an alloy having its particle size and spac­
ing can be expected to exhibit accelerated recrystallisation over a wide 
range of temperatures. However, this investigation suggests that the 
general, description should be modified to allow for an increasing soft­
ening contribution by recovery with decreasing temperature. Close ex­
amination of experimental data from other studies has reyealed that 
similar behaviour was recorded, but was not recognised, as shown in 
Figure 123.
It is worthy of note that the micrographs of 
Alloy C show some interesting nucleation phenomena: many illustrating
the early stages of recrystallisation show grains which appear to origi­
nate at a group of two or more particles. This type of behaviour has 
been reported by other w o r k e r s b u t  only in cases where the prior 
deformation had been low (see Section 2.6.1.3). From the observations 
in the current work, it would appear that the concept of the formation 
of a "joint deformation zone" can be extended to overall deformations 
as high as 60%.
Other micrographs appear to show nuclei origi­
nating from coarse particles in the immediate vicinity of grain bounda­
ries by a mechanism of grain boundary bulging. This would appear to
(54)agree with the results of Jones, Ralph and Hansen (see Section 
2.4.1.5), who proposed a model where nucleation occurred by the annihi­
lation of matrix subgrain boundaries at a pre-existing high angle grain 
boundary. Applying the model to this case would imply that a deformation 
zone at a particle would experience more rapid subgrain coalescence and 
subsequent nucleus formation, if it is contiguous with a grain boundary.
5.3.!.2 Alloy F
The particles present in Alloy F are of the size 
and spacing which is normally considered to severely retard or prevent 
recrystallisation. The particles achieve this effect in a twofold man­
ner. Firstly, they suppress the formation of a cell structure on cold 
working the alloy (see Section 2.6.1.2). The resulting lack of curva­
ture prevents a rapid increase in misorientation during the growth of 
any subgrains, which otherwise would accumulate the misorientation of 
the consumed cell structure. Secondly, the particles exert a consider­
able Zener drag (see Section 2.6.2.3). The resultant low mobility of 
any low angle boundaries produces a situation where subgrains, even if 
formed, exhibit little tendency to grow.
The circumstances outlined above were observed 
at 270°C and 300°C (see Sections 4.1.3.2 and 4.3.3); i.e. softening was 
observed metallographically to be predominantly associated with recovery 
processes with some eventual, severely limited, subgrain formation and 
growth at longer times. This behaviour is reflected by the smooth soft­
ening curves (Figure 115).
The annealing characteristics of the alloy, 
however, changed with increasing temperature, as reflected by the change
in the shape of the softening curve: from a smooth continuous curve to a
distinct "two-stage" curve. The curves at 330 and 360°C showed an ini­
tial rapid drop in hardness, followed by a decrease in the softening rate, 
then at longer times, a second rapid drop in hardness (Figure 115). The 
mechanism responsible for these changes in softening rate can be deter­
mined by the metallographic evidence (Sections 4.3.3.3 and 4.3.3.4). The 
microstructures showed that the first rapid drop in hardness was associ­
ated with the formation of a subgrain structure near coarse impurity par­
ticles and in the denuded zones near pre-existing grain boundaries. Sub­
grain formation in the denuded zones may be attributed to localised lattice 
curvature developing in the absence of the fine particle suppression, whilst 
the coarse impurity particles would also appear to produce a local deforma­
tion structure which promotes cell formation. Although in this case, the 
fine particles were present during deformation, subgrain development ap­
pears to be limited by a mechanism similar to that described by Hornbogen 
and Koster^^^5 136, 137) "continuous recrystallisation" (2.6.2.3) .
They proposed that the effect of post deformation precipitation could be 
such that subgrain coarsening is controlled by the growth of large parti­
cles and the resolution of fine particles which are pinning primary dis­
locations or dislocation groups. This "Y" mode motion is aided by pipe 
diffusion; and as the process proceeds, the defect-free areas and the
angles between them increase. A similar mechanism was observed by Morris
i (207)and Duggan
The consequence of this period of comparatively 
slow, precipitate resolution controlled, subgrain growth is a fairly 
slow softening rate, as is illustrated by the softening curves (Figure 
115). This behaviour continues until subgrain coarsening progresses to 
the extent that some viable nuclei are formed. Figure 72 shows this 
condition in stabilised Alloy F after 300 minutes at 330°C. It should 
be noted that this annealing time corresponds to the start of the second 
rapid drop in hardness observed at 330°C. Figure 73, which corresponds 
to full softening at 1000 minutes, shows that this second rapid drop in 
hardness is associated with the comparatively rapid growth of the nuclei, 
although impingement of the recrystallised regions was not attained. It 
is reasonable to assume that the incomplete nature of the recrystallisa­
tion is due to the amount of strain energy removed by the prior softening 
processes, in combination with the Zener drag exerted on the migrating 
boundaries by the fine particles (Section 2.6.3.1). At 360°C, a similar 
behaviour was observed, except that it occurred at shorter times.
Thus, the annealing characteristics of Alloy F 
appear to vary with temperature; at lower temperatures, softening is
primarily by recovery mechanisms and results in a smooth softening curve. 
As the temperature is increased, however, localised subgrain formation 
occurs which results in a rapid drop in hardness, followed by a more 
gradual drop whilst recovery mechanisms and subgrain growth continue. 
After a certain time, viable nuclei are formed and limited recrystalli­
sation occurs, resulting in a second drop in hardness. This behaviour 
gives the softening areas an unconventional "humped" appearance at the 
higher two annealing temperatures.
5.3.1.3 RR58
The determination of the softening characteris­
tics of RR58, which is a combination of Alloy C and Alloy F, was the ob­
ject of this study. At the outset of this investigation, it was not
known whether the characteristics of RR58 would be dominated by either 
Alloy F or Alloy C, or whether a mixed behaviour would prevail.
Comparing the corrected softening curves for 
RR58 as shown in Figure 114 with those for Alloy F (Figure 115) shows 
that above 270°C, the softening rate of RR58 is slightly faster; whereas,
comparison with the curves for Alloy C (Figure 44) shows that it is
slightly slower. All three sets of curves show noticeable inflections 
at 300 and 330°C, whilst both Alloy F and RR58 have slight inflections 
at 360°C.
It can thus be seen that the behaviour of RR58 
is not controlled exclusively by either of the particle regimes, rather 
that some combination of mechanisms is occurring. The interplay of these 
mechanisms can be deduced from the relevant metallographic results 
(Section 4.3.2).
Figures 56 and 57 show that at 270°C, a fine 
elongated subgrain structure developed, originating from the coarse par­
ticles. This observation implies that the coarse particles create the 
deformation structure associated with the formation of recrystallisation 
nuclei, despite the presence of the surrounding fine particles. At long­
er annealing times, the subgrains grow, becoming more equiaxed, and more 
subgrains form. The coarsening and coalescence of these subgrains would 
appear to be controlled by the type of mechanism which Hornbogen and 
Koster have described as "continuous r e c r y s t a l l i s a t i o n " 136* 137)^ 
as discussed in the preceding section for Alloy F. At 270°C, full soft­
ening via these recovery mechanisms occurs, prior to any viable nuclei 
growing. The resultant structure is shown in Figure 58, where it can be 
seen to consist of a network of coarsened subgrains. This continuous 
process is reflected by a smooth softening curve (Figure 114).
At 300°C, the annealing process begins in a
similar manner to that at 270°C, the formation of the subgrain structure 
within 1.0 minute (Figure 59) resulting in an initial rapid drop in hard­
ness (Figure 114). This is followed by a decrease in the softening rate 
as the subgrains begin the slow coarsening and coalescence process. At 
300°C, however, viable nuclei are eventually formed and undergo limited 
growth; the resultant structure after 10,000 minutes is shown in Figure 
60 . This partial recrystallisation is accompanied by a second accelera­
tion of the softening rate. It may be assumed that the reasons for only 
partial recrystallisation occurring are similar to those described in 
the preceding section (5.3.1.2) for Alloy F, i.e. a lack of driving force 
due to prior softening by recovery mechanisms, in combination with the 
drag from the fine particles. It should be.noted that the partial re­
crystallisation that occurs begins at a longer time and is responsible 
for a smaller proportion of the softening than the full recrystallisa- 
tion that occurs in Alloy C at 300°C.
The behaviour of RR58 at 330°C was similar to 
that at 300°C except that a greater proportion of the softening occurred 
by recrystallisation which began at a shorter annealing time. This 
again gave a curve with two periods of increased softening rate (Figure 
114) and a final structure which consisted of a mixture of recrystallised 
areas and coarsened subgrains (Figure 63). This partial recrystallisa­
tion is in accordance with the model proposed by Hornbogen and Koster^^* 
112 132-135)* , which postulates an intermediate situation where the •
energy balance is such that "discontinuous" recrystallisation stops and 
"continuous" recrystallisation takes over.
At 360°C, metallography indicated that subgrain 
formation and growth to form viable nuclei was rapid, resulting in re­
crystallisation being responsible for the majority of the softening.
Figure 66 shows the structure after 10 minutes, where it can be seen 
that the structure almost wholly consists of recrystallised grains.
As would be expected, from these observations, the resultant softening 
curve is virtually free from inflection (Figure 114).
The fully softened structure at 360°C, however, 
shows patches of unconsumed, mutually impinged, coarsened subgrains in 
areas between clusters of coarse particles. Also, it should be noted 
that on comparing the softening curve for RR58 at 3Q0°C (Figure 114) 
with that for Alloy C at the same temperature (Figure 44), the times 
for the onset of recrystallisation are similar, whilst the time for 
completion of recrystallisation in RR58 is considerably longer. These 
two observations would indicate that the fine particles do exert a 
considerable drag on the migrating boundaries. This effect, in combina­
tion with the progressive decrease in driving force with increasing time 
(due to strain energy being removed by simultaneously occurring recovery 
processes), produces a very low net driving force for recrystallisation 
at the longer annealing times. Hence, the expanding recrystallisation 
regions have insufficient energy differential to consume the areas of 
coarsened, impinged subgrains within clusters of coarse particles.
It can thus be seen that the softening charac­
teristics of RR58 are a compromise between the behaviour of Alloys'C and
F, recovery occurring at the low annealing temperatures and recrystallisa- 
tion at the higher temperatures. These temperature-dependent annealing 
characteristics are both summarised by Figure 112 and Table 8.
5.3.2 The Unstabilised Alloys
5.3.2.1 General Aspects
Alloys in the unstabilised condition have a
G.P. zone resolution and S phase precipitation reaction at the anneal­
ing temperature. This reaction'.is responsible for the higher as-worked 
hardness of the alloys and the initial rapid softening that occurs on 
annealing (see Section 5.2.2). The object of having specimens in this 
condition was to more closely simulate industrial practice and to study 
the effect of precipitation on the nucleation process. This situation 
has previously been described by Hornbogen^^^, 135) £see
Section 2.4.6) as having two alternative possibilities:
i) The precipitation could have a general pinning action
on the formation and development of a subgrain struc­
ture, which would decrease as the temperature increased 
(in the case of the current work decreasing to zero
at 400°C).
ii) Alternatively, the precipitation could occur preferen­
tially to such an extent at regions of high disloca­
tion density that it would modify their form, and so 
prejudice their operation as sites for recrystallisa­
tion nuclei.
In this latter case, the nucleation stage of recrystallisation would not 
just depend on "unpinning" but on the availability of alternative nucle­
ation sites. Both of.these possible mechanisms Hornbogen has termed as 
"discontinuous recrystallisation". Nez and Embury also considered a
similar situation from which Nez developed his model of recrystallisa-
. (208, 209)tion quasi-site saturation
The following two subsections discuss the ob­
served behaviour and any correlation with the above proposed models.
5.3.2.2 Unstabilised Alloy F
A comparison of the corrected softening curves 
for Alloy F in the stabilised and unstabilised conditions (Figures 115 
and 118) shows that the principal differences lie at the short anneal­
ing times and that the later softening behaviour is very similar. This 
disparity between the curves at the short annealing times is expected, 
being the result of the resolution and precipitation reaction.
Nevertheless, the relevant metallographic ob­
servations indicate that the structures of both the stabilised and un­
stabilised conditions during annealing appear to be largely identical 
(see Sections 4.3.3 and 4.3.6). This apparent discrepancy between the 
microstructural trends and the softening data for the two conditions 
arises from the kinetics of the relevant interacting processes.
At 270°C, the precipitation in the unstabilised 
alloy is at its slowest and most dense; however, as was shown by stabi­
lised Alloy F at this temperature, the softening mechanisms are also 
slow, subgrain formation only occurring after very long annealing times. 
Hence, the major influence of the precipitate would be on the matrix 
recovery processes prior to subgrain formation, which are invisible 
within the limits of the metallographic technique used in this investi­
gation. The effect of the;precipitate on the softening rate due to 
these matrix recovery processes is masked by the hardness change asso­
ciated with the precipitation. A similar situation.occurs at 3Q0°C.
Increasing the annealing temperature to 330°C 
reduces the amount but increases the rate of precipitation. The soft­
ening curve (Figure 118) shows an initial rapid drop in hardness within
1.0 minute, which is associated with the precipitation reaction. The 
stabilised alloy at this temperature and time was already showing sub­
grain formation, which would be hindered by precipitation; hence, this 
interference should reveal one of the few metallographic differences 
between the two alloy conditions. The results verified this, showing 
the subgrains to be smaller, fewer and less clearly defined in the un­
stabilised alloy for 1.0 minute at 330°C (Figure 108) than is the case 
in the stabilised alloy (Figure 71). Any difference in softening rate 
between the two conditions in the immediately subsequent annealing times 
is obscured by the remaining precipitation reaction, but the formation 
of viable nuclei, partial recrystallisation and the accompanying soft­
ening occur at the same time in both the stabilised and unstabilised 
condition.
At 360°C, the amount of precipitation is small 
and rapid, metallographically appearing to have little effect, subgrain
formation occurring in a similar time to that for the stabilised con­
dition (Figure 110) . The development of nuclei, and partial recrystalli­
sation, with its accompanying softening, also occurred at similar times to 
the stabilised condition, giving an equivalent structure (Figure 111).
Thus, it appears that the unstabilised condi­
tion has little effect on the resulting as-softened structure and does 
not affect the timing or the degree of softening that occurs by partial 
recrystallisation at the higher temperatures. The precipitate probably 
does hinder the recovery processes, but this is not detectable by the 
metallographic technique used and is obscured in the softening curves 
by the hardness change due to the precipitation reaction itself.
5.3.2.3 Unstabilised RR58
In the stabilised condition, this alloy exhi­
bited early subgrain formation at all temperatures; hence, it would be 
expected that the precipitation should have an observable effect. Com­
paring the shape of the partially corrected curves (Figure 117 ) to those 
of the stabilised alloy (Figure 114) reveals that, even compensating for 
the effect of the hardness change associated with the precipitation, the 
unstabilised curves appear to be more discontinuous, i.e. have a larger 
"hump" at 300°C and 330°C. In this case, metallographic examination 
(Section 4.3.5) did reveal some differences between the two stability 
conditions.
At 270°C, the metallographic annealing charac­
teristics of the unstabilised condition were little different from the 
stabilised condition: subgrain formation associated with coarse parti­
cles occurring within 1.0 minutes (Figure 88), i.e. prior to precipita­
tion. The development of these subgrains and the simultaneous recovery 
process which followed, however, coincided and were hindered by preci­
pitation,. resulting in a slower softening curve. The fundamental me­
chanisms were observed to remain unchanged, giving a final softened 
structure after 50,000 minutes (Figure 89), similar to that in the fully 
softened stabilised alloy.
At 300°C, however, the precipitate has a visible 
influence on the microstructure, which is reflected in the shape of the 
softening curve. This is well-demonstrated by the metallographic se­
quence in Section 4.3.5.2. Initially, the behaviour is similar to that 
observed in the stabilised alloy: subgrain formation occurring within
0.3 minutes (Figure 91). The metallographic sequence then shows a slow 
growth and coarsening of these subgrains, which corresponds to a decrease 
in the softening rate (Figure 117). This rate, despite the masking e f - . 
feet of the precipitation, appears to be slower than in the stabilised
alloy case, hence, giving a more prominant "hump" to the curve. At the 
end of this period (30 minutes), viable nuclei form (Figures 95 and 
96) and grow with an accompanying increase in softening rate. At this 
point, however, it may be observed that there are fewer viable nuclei 
than in the stabilised condition, and hence the recrystallised grain 
size in the final, partially recrystallised structure (Figure 98) is 
larger than in the stabilised condition. This behaviour would agree 
with the model proposed by Nez, which put forward the theory that in 
the presence of such precipitation, growth is restricted to the most 
favourable subgrains, resulting in a heterogenous nucleation process.
At 330°C, the kinetics of precipitation appear 
to be such that it would influence the subgrain formation and coarsening 
processes. At this temperature, however, there is less precipitation, 
hence the degree of interference is reduced; although it is sufficient 
to produce an inflection in the curve more pronounced than in the sta­
bilised alloy. In this case, the final softened structure after 1000 
minutes (Figure 101) is similar to that of the stabilised alloy (Figure 
63^ ). At 360°C, the. small amount of precipitation that occurs appears 
to have little effect.
Thus, it would seem that the principal effect 
of the precipitation in unstabilised RR58 is to slow the recovery soft­
ening processes (chiefly subgrain coarsening in this case), which in 
combination with the hardness change that accompanies precipitation, 
results in accentuating the inflection in the softening curves. Also, 
at onevtemperature (300°C), the supersaturation and the kinetics of pre­
cipitation and softening interplay in such a way as to limit nucleation, 
hence causing an increased recrystallised grain size in the final par­
tially recrystallised structure. In general, however, it would appear 
that the annealing characteristics of unstabilised RR58 as summarised 
by Figure 113 and Table 9 are not vastly different from those of the 
stabilised condition (Figure 112 and Table 8).
6. Conclusions
6.1 Thermal Analysis
Although the thermal analysis work conducted in this study was 
principally designed to identify phase changes in the alloys, hence, 
further the understanding of the mechanisms operating at the annealing 
temperatures, it produced some independently noteworthy conclusions:
i) A coarsening technique for the stable AlQFeNi
y
intermetallic particles was developed (Section 
• 3.2.3.2).
ii) The nature and temperatures of S phase resolution 
and precipitation for both RR58 and Alloy F were 
determined and found to be in general agreement 
with the literature. Also, it was shown that 
quenching from the overageing temperature caused 
S phase precipitation during subsequent annealing 
(Section 4.2.2).
iii) The kinetics of S' to S phase conversion were observed 
to be more rapid in Alloy F than in RR58, indicating 
that the combined presence of iron and nickel does 
have an effect on this reaction (Section 5.2.2).
6.2 Annealing
i) A study of the ageing behaviour of unworked samples
enabled an allowance to be made for the precipitation 
related hardening that occurred subsequent to the 
annealing of worked specimens. It was shown that 
this concept can be extended, both qualitatively
and semi-quantitatively, to include the effects of 
precipitation during the final annealing of consti­
tutionally unstable worked specimens.
ii) Gallium doping can be used as the basis of an optical
metallography technique for the examination of complex 
aluminium alloys in conditions for which conventional 
etching techniques are not successful.
iii) Recrystallisation was accelerated in the alloy containing
coarse, widely spaced, intermetallic particles. It ori­
ginated at the particles, in many cases at a group of
two or more particles in close proximity, resulting in 
a refinement of the overall grain size.
iv) The softening rate during annealing worked samples of 
the alloy containing coarse intermetallic particles 
has been shown to have inflections, which represent
the temperature dependent interplay of recovery 
and recrystallisation.
v) The softening of the alloy containing fine precipitate 
particles was predominantly due to recovery processes.
vi) The softening rate of worked samples of the fine pre­
cipitate alloy showed inflections at the higher anneal­
ing temperatures. These were associated with recrys­
tallisation originating from coarse grain boundary pre­
cipitates and impurity particles. This recrystallisa­
tion did not go to completion and did not lead to over­
all grain refinement.
vii) The behaviour of RR58 which contains both the coarse 
intermetallic particles and the fine precipitate was 
a temperature-dependent combination of the two single 
particle-type alloys. At 360°, recrystallisation 
occurred from the coarse particles in the manner of 
the coarse particle alloy and was relatively unhindered 
by the fine precipitates. At 270°C, however, the re­
tarding effect of the fine particles prevented the for­
mation of viable nuclei, and softening occurred by sub­
grain coarseriipg. -The mechanisms at both temperatures 
resulted in an overall refinement of the grain size.
viii) Annealing RR58 at intermediate temperatures resulted 
in an interaction of recovery and recrystallisation. 
Thus, the softening rate showed an inflection, and the 
incomplete nature of the recrystallisation produced a 
mixed grain size.
ix) The precipitation, which occurred during the annealing 
of the unstabilised alloys, hindered the recovery pro­
cesses. In RR58, this interfered with nucleation at 
some annealing temperatures, resulting in slower soft­
ening rates and a coarser final grain size than in the 
stabilised alloy at the same temperature.
7. Recommendations for Further Work
This study has provided a good qualitative understanding of the 
annealing characteristics of a nbi-modaln dispersion alloy. The work 
on the alloys used could be extended in several ways:
i) Alloy C could be annealed at progressively lower tem­
peratures to study the transition to softening ex­
clusively by recovery.
ii) Alloy F may be annealed at temperatures up to 400°C 
(the overageing temperature used) to investigate the 
degree of softening that would occur by recrystallisa­
tion.
iii) Points (i) and (ii) could be incorporated in a change 
of experimental technique, changing from isothermal to 
isochronal annealing.
iv) The effect of varying prior deformation for all three 
alloys could be studied; this would affect the energy 
balance in the Hornbogen and Koster model.
v) The mechanical properties of the various structures 
produced could be evaluated, e.g. by stress-rupture 
testing, creep, etc.
Unfortunately, any further work with the alloys used in this in­
vestigation is severely hampered by a number of factors. The major 
problem is the overwhelming, difficulty in metallography on Alloy F 
and RR58, this virtually excluding the possibility of any quantitative 
measurements on the alloys. Also, there are problems with inhomogene­
ity in particle distribution, i.e. the coarse particles in Alloy C, and 
to a lesser extent in RR58, are not totally uniformly distributed, 
whilst Alloy F has coarse grain boundary precipitates, impurity parti­
cles and denuded zones. Consequently,: it would be advisable for future 
work in this field to be conducted on another bi-modal alloy.
It would be advantageous in many respects if the alloy chosen had 
industrial application. The alloy need not be aluminium based, but for 
comparison purposes, it should preferably be face centered cubic and 
have a high stacking fault energy. Most importantly, however, as a 
prerequisite, it should be ascertained that both optical and electron 
microscopial, metallograph techniques for the alloy (in the condition 
needed for experimentation) are well-established and give good results 
with the available apparatus. If these conditions are met, it would be 
possible to obtain clear, easily interpretable micrographs, and hence, 
put the experimentation on a more quantitative basis.
Ideally, the phases present should have near complete stability over
the planned range of annealing temperatures. Providing thin foils of 
the alloy can be made, a significant contribution to the work would re­
sult from electron microscopy. This would reveal the detailed mechanisms 
of the very early stages of subgrain formation, subsequent nucleation and 
recrystallisation. Also, this would allow for some texture and orienta­
tion analysis, and ultimately, some hot stage work could be envisaged.
A rigorous analysis of the annealing characteristics of the alloy 
would allow the final grain size and distribution for any annealing tem­
perature and time to be predicted. A final possibility of such an anal­
ysis is that any grain size and distribution (within limits) could be 
produced by tailoring the annealing treatments, if necessary, using more 
than one annealing temperature.
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APPENDIX I
Summary of Metallographic Techniques for Aluminium Alloys
1. Introduction
The following sections are a resume of the techniques that were em­
ployed in an endeavour to overcome the problem of finding a metallographic 
method suitable for RR58 and Alloy F. The final section describes the de­
velopment work which led to the eventual successful technique.
2. Unsuccessful Techniques for Determining Post-Annealing Structure
2.1 Conventional Chemical Etches
In general, alloys of the type used in the present work will only 
reveal details of the structure in the unetched condition by two effects. 
Firstly, if the constituents are of a different colour, and secondly, if 
the harder constituents stand out due to a certain amount of relief polishing. 
Also, particularly with aluminium, there is a possibility of a "flowed layer" 
existing on the surface due to mechanical polishing, which obscures any 
structural details.
By far, the most common method of revealing further detail in the 
as polished structure is by chemically etching the surface. After removing 
the flowed layer, the etchant will attack the polished surface at a rate • 
which varies with the orientation and composition. The variation in attack 
will eventually produce topographical features, which can be made visible 
under vertical, bright field illumination. The speed of attack varies with 
the ionising power and other properties of the etch, which may be modified 
by varying the solvent.
In a pure metal containing only one constituent, etching generally 
proceeds slowly, the grain boundaries are rather more quickly attacked than 
the interior of the grains, hence, the grain boundaries are generally revealed. 
It should be pointed out, however, that such ridging or grooving effects are 
usually associated with some segregation at the grain boundaries. If an alloy 
contains two or more constituents, the rate of attack on each constituent is 
dependent on its electrochemical nature, and the most electro-negative con­
stituents are attacked preferentially.
(338}
A large number of chemical etches described in the literature 
were tried on Hiduminium RR58 after it had been annealed. These are listed 
in Appendix II. It was found that (despite considerable attention to such 
variables as etching time, etc.) none of these reagents gave a satisfactory 
result.
-The failure of conventional chemical etching on the alloys used in 
this investigation may be attributed to a combination of two factors:
(i) The boundaries that are present in the alloy after annealing 
are the result of an isothermal softening process, followed
by a rapid quench. This means that they are fairly free 
from segregation and hence will not be attacked significantly 
faster than the aluminium matrix. Previous work on such alloys 
had generally concentrated on the aged condition, where the 
boundaries are decorated by a precipitation of S phase. This 
meant that the grain boundaries could readily be etched.
(ii) The particles present in the matrix of the alloys, as would 
be expected, are more electronegative than the matrix or the 
boundaries. Hence the effect of chemical etching is to produce 
attack at the particles, which becomes progressively more severe 
with longer etching times.
The above factors also prevented any etch pitting techniques from 
producing satisfactory grain contrast.
For chemical etching to succeed, an etch would have to be developed 
in which the normal electrochemistry of the alloy would be reversed, or alter­
natively, the particles would have to be passivated prior to normal etching.
The development of such methods was considered to be beyond the scope of the 
present investigation.
2.2 Differential Staining Techniques
Generally, these depend on the formation of an amorphous or crystalline 
film on the surface. The thickness of the film that forms is determined by 
grain orientation. The variation in film thickness, from grain to grain, then 
gives rise to related variations in the path difference between light reflected 
from the film surface and the metal-film interface, which in turn, causes 
characteristic interference colours for the light reflected from each grain.
Thus grain boundaries are revealed as the borders between grains of different 
colours. Usually, for aluminium, the recommended filming etchants are of the 
oxidising type (see Appendix II).
On Hiduminium RR58, however, it was found that film formation was
disrupted by the presence of the fine particles. Consequently, films of the
quality needed to produce suitable interference colours were not obtained.
The only partially successful etchant of this type was a permanganate solu- 
(339)tion , which gave a very small amount of grain contrast by staining the 
surface different shades of brown, and then, only after prolonged times.
2.3 Epitaxial Coating
In this technique, an otherwise optically isotropic surface is 
coated with an epitaxial film, which in the case of aluminium, is invari- 
bly produced by some strong oxidising agent. The film that is produced is 
either anisotropic and strongly absorbing, or alternatively is a transparent 
birefringant film. The birefringance of the film is either a result of its 
anisotropic crystal structure or is due to micropores, the shape and size
of which determine the birefringance. In this way, contrast is revealed 
between differently orientated crystals in the sample. Coloured contrast 
may be obtained in polarised light between crossed nicols with the aid of 
a sensitive tint plate.
There are a variety of etches recommended for forming such films 
on aluminium (see Appendix II). It was found that these etchants tended 
to be too aggressive for use on Hiduminium RR58 because they reacted with 
the particles in the alloy, causing severe pitting which prevented film 
formation. Thus, an etchant was developed which was similar to those recom­
mended, except that instead of containing sodium hydroxide, it was based on 
sodium carbonate. Unfortunately, it was found that the etch, per se, was 
not powerful enough to remove the flowed layer in a consistent manner.
Hence, a technique was developed of first pre-cleaning the surface by etch­
ing in ammonium hydrogen difluoride (a commercial brightening agent), prior 
to staining (see Appendix II).
It was found that this technique worked extremely well on samples 
which were solution treated, or in the slightly overaged condition (see 
Figure 124), however, the technique had some severe limitations. Firstly, 
although the colour difference between grains in the fully-recrystallised 
condition was quite marked, the effect was not so prominent in cold worked 
specimens. The cold worked grains tended to fall more in the same general 
colour cast and had less purity of colour within each grain. This meant 
that the definition of the early stages of recrystallisation tended to be 
very poor. A more fundamental limitation of the technique, however, was 
that it was virtually ineffective when applied to specimens that contained 
the heavily overaged S phase precipitate: the localised electrochemical
disturbance caused by these particles, stopping a continuous epitaxial film 
from forming.
2.4 Anodising Techniques
These are frequently employed on aluminium alloys. The aluminium 
specimen is made the anode of a cell in which there is an oxidising ele- 
trolyte. In this way, it is possible to produce a thicker than normal, 
transparent, optically anisotropic oxide film. Grain contrast is then re­
vealed in the specimen by means similar to those described for the Epitaxial 
Coating technique (see Section 2.3).
It was found that this method worked well for Alloy C (see Appen­
dix IV) , however, with Hiduminium RR58, the majority of normally recommended 
metallographic anodising solutions would not produce a continuous film 
(see Appendix II). This was attributed to the localised electrochemical 
disturbance caused on the surface by the fine particles. In the small number 
of cases in which a continuous film was produced, the resulting grain con-
trast was found to be negligible. This was thought to be due to the oxide 
layer, produced by these solutions, not being able to accommodate the fine 
grain size of the metal specimen.
2.5 Thermal Etching
This technique depends on the variation of the rate of evaporation 
from a heated, polished surface in high vacuum, as a function of the orien­
tation of individual grains. In order to use this technique, the surface 
must be heated to a temperature in excess of that which would affect the 
structure of Alloy F and RR58. Other, less conventional methods of heating 
the surface, which would circumvent this problem, such as using a l a s e r , 
were considered to be outside the scope of the present work. Thus, thermal 
etching was discarded as a viable technique for this investigation.
2.6 Heat Tinting
This method depends on the carefully controlled heating of the sample 
in a suitable atmosphere. In this way, the alloy may be induced to form a 
transparent oxide film showing interference colours as described in Section 
2.2. Since the rate of oxidation is sensitive to compositional and orienta­
tion differences, constituents and grains may be revealed. There is, however, 
very little published data on the heat tinting of aluminium alloys, but by 
extrapolation of available inf ormation^^^, it would appear that a tempera­
ture of between 200-300°C would be involved, making the technique unsuitable 
for studying the partially recrystallised condition for the same reasons as 
apply to thermal etching (see Section 2.5),
2.7 • Electroetching Techniques
Generally, this technique follows electrolytic polishing. By reducing 
the voltage from the polishing plateau into the etching region (see Figure 125) 
grain boundary delineation is possible in some alloys.
A number of recommended electrolytic polishing/etching solutions were 
tried with Hiduminium RR58 (see Appendix II), giving various degrees of success 
although it. was found that their performance was invariably better when used in 
a commercial electropolishing machine. The best polish and etch was obtained 
using a Struers Poletrol Electropolishing/etching machine with its own pro­
prietary polishing solution, however, the result was only comparable with a 
good mechanical polish, followed by conventional chemical etching. Any attempt 
to delineate the grain boundaries using this machine just resulted in heavy 
pitting at the particles.
It would appear, therefore, that this method is unsuitable for RR58 
and Alloy F for similar reasons to those outlined in Section 2.1., however, 
electropolishing was successfully utilised in the polishing routine for 
Alloy C (see Appendix IV).
2.8 X-Ray Techniques
These depend on the diffraction of X-radiation by the atomic struc­
ture of the sample, hence the techniques are sensitive to the crystalline 
nature of the part of the sample that is irradiated. One of the simplest 
techniques is "back reflection". In this method, the entire area irradiated 
by the beam is analysed simultaneously, the number of grains in this area 
depending on collimater size and the grain size; hence, only information 
relating to the average state of the alloy may be deduced. In this way, 
the technique would detect about five volume percent recrystallisation (de­
pending on the size and distribution) and could be used to monitor the onset 
and progress of recrystallisation, although the method will not readily give 
a quantitative value for grain size. Also, a similar technique could be used 
to find an orientation.relationship between the matrix and any nuclei, al­
though the analysis of the results would not be simple with a fine grain size, 
as the X-rays are unable to isolate the textures of specific grains.
It can therefore be seen that the techniques would give no data on 
where, in relation to the particles, the nuclei were formed. There are 
microbeam X-ray techniques in which a beam may be collimated down to 20V.
This type of technique was not considered suitable because the beam size is 
still too large, the exposure times very long, the beam difficult to focus 
on the desired area, and such apparatus was not readily available.
Thus, X-ray techniques have major limitations to their usefulness 
for this investigation, however, they could have produced information that was 
of value in other aspects of the current work:
(i) By noting the line broadening, it is possible to calculate 
the diffracting unit size, i.e. the cell size, and therefore, 
indirectly the number of dislocations in the cell boundaries.
(ii) By similar methods, it is possible to observe the strain in
the matrix of the alloy. Hence, it would be possible to 
observe the decrease in the internal energy of a sample, 
whilst it recovered or recrystallised.
2.9 Ion Bombardment Techniques
In the case of structures which have several phases of very different 
electrode potentials, e.g. Hiduminium RR58, cathodic bombardment will usually 
reveal the structure where other techniques have failed. Etching of each 
region of the surface depends on the local binding energy, which varies with 
orientation and composition. This means that grain boundaries should always 
be preferentially etched, irrespective of whether they delineate crystals of
the same phase or of different phases.
The method was first tried on an Edwards Ion Beam Machining Instru­
ment, type IBMA 1. It was found that despite modifying the accelerating
voltage, anode plate configuration, etching time, etc., no delineation of
the grain boundaries could be produced. The samples just showed overall
pitting, the extent of which became more severe on increasing argon ion
bombardment times. The failure of the apparatus to produce the desired
effect was attributed to the highly stable aluminium oxide found on the
surface of the specimen. The apparatus, although constantly eroding the
oxide film, was simultaneously allowing fresh oxide to reform by virtue of
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the relatively low vacuum (10 torr) and the oxygen present in the high 
purity argon. As the oxide film was much more resistant to bombardment 
than the clean metal surface, the resultant effect was that pits would 
form at places where the oxide had perforated.
Therefore, a method which gave a better vacuum and used purer 
argon was required. Such a facility was available in the specimen prepa­
ration stage of a Vacuum Generators E.S.C.A. Mk. 3 machine. The unit de-
—8veloped a vacuum of better than 10 torr and used high purity argon which 
had been filtered over a heated titanium sponge. Using settings of.-5.kv. 
beam energy and 4 kv focusing energy, it took the argon ion gun 100 seconds 
to cut through the oxide and a further 200 seconds were allowed to etch 
the alloy surface. It was found that this treatment had only just begun 
to delineate the grain boundaries (see Figure 126). A longer etching time 
was tried on the next sample, but unfortunately, as the argon ion gun only 
had a fixed operating life, this treatment (which is equivalent to a large 
number of specimens for normal E.S.C.A. use) caused the gun to fail. As 
replacing the gun necessitated a major overhaul of the machine, it was 
considered that the down-time involved in using E.S.C.A. 3 for etching 
would be excessive.
As no other suitable high vacuum ion bombardment system could be 
made available, the technique could not be used in the present work.
2.10 Cathodic Vacuum Oxidation and Vacuum Deposited Dielectric Coating
Both these techniques are not commonly employed on aluminium alloys.
In the case of cathodic vacuum oxidation, this is because an expensive piece 
of specialised equipment is required. On the other hand, vacuum deposited 
dielectric coating only requires a simple coating unit; however, the method 
is still relatively new, and the expertise necessary to develop the method 
was not readily available. Hence, samples of Hiduminium RR58 in various 
stages of recrystallisation were examined at the Technishe Hogeschool Twente 
(a Dutch University), where the facilities for these techniques exist. It 
was found that these methods could not be made to produce satisfactory 
grain contrast.
2.11 Transmission Electron Microscopy
This technique has been used successfully on aluminium alloys
where the precipitates are fine enough to allow a thin foil to be made.
(337)In particular, work has been performed by Wilson on an alloy which
was effectively Hiduminium RR58 minus the constituents which cause the 
coarse intermetallic particles, i.e. similar to the "fine11 particle alloy 
used in this investigation. The presence of the coarse intermetallics in 
RR58, however, creates difficulties in producing the thin foil required 
(for a normal 100 kv transmission microscope, the specimen would have to 
be thinned to a foil of several thousand Sngstroms). Experience with 
alloys similar to RR58 has shown that the thinning of the intermetallic 
•particles and the matrix would progress at different rates, with the re­
sult that the particles tend to "drop out" on thinning, hence the possi­
bility of achieving a representative section is remote. Although Alloy F 
does not contain the coarse intermetallic particles, a similar problem is 
expected at the later stages of thinning due to the coarsened overaged S 
phase precipitates. -
Despite the above envisaged difficulties, an attempt was made at 
Transmission Electron Microscopy (T.E.M.). Surplus specimens of RR58 and 
Alloy F from the thermal analysis experiments (3.2.2) were cold rolled 
using a four high mill, with intermediate anneals at 360°C, to 0.13mm 
(0.005 inch) strip. They were then resolutionised and given the various 
thermal treatments described in Section 3.2.3 to reproduce the structure 
that would have been found in regular specimens prior to rolling. Three 
millimetre diameter discs were punched from the strip and thinned using 
the recommended technique for this type of alloy: perchloric acid-alcohol
solution maintained below 10°C^*^(Lenoir’s solution at 7 Q ° C ^ ^ ^  could 
not be used due to ageing effect it would have caused). It was found that 
even after protracted efforts, the resulting thinning was unsatisfactory, 
giving only very small areas of electron transparent material. These 
areas were usually on the edges of perforations, caused by large particles 
"dropping out". Figure 127 shows such an area with an out-of-focus S phase 
precipitate on the very edge of the hole in unstabilised Alloy F. Examina­
tion of these foils was performed using a JEOL 1Q0B transmission microscope 
(T.E.M.) and a JEOL 100CX scanning transmission microscope (S.T.E.M.) with 
microprobe attachment.
Figures 128 to 130 show some of the best results obtained, where 
it can be seen that only the smallest "S" phase particles (<1/3 micron) 
were retained in the foil. Thus, with the available thinning procedure, 
the technique could not even be used to determine a representative S phase 
precipitate size. Even if a successful thinning method had been developed, 
the technique would probably only have been suitable for studying the very 
early stages of recrystallisation. A replica technique would not be of
any benefit either, as the replica would only reveal surface detail which 
had been shown up by a previous etching technique.
Thicker aluminium foils (around 5 microns) may be used with very 
high voltage (million volt) microscopes. Unfortunately, the use of such a 
microscope was not readily available, so the method was not considered as 
a viable experimental technique.
2.12 Scanning Electron Microscopy
In this type of electron microscopy, a bulk sample is used and 
a finely focused beam of electrons is scanned in a raster over the specimen 
surface. The instrument may then use secondary electrons, primary back- 
scattered electrons, specimen current signal, cathodoluminescence or the 
output from a solid state X-ray detector, to modulate the brightness of 
a synchronised cathode ray display tube. Also, the instrument may have 
a microprobe facility to analyse a selected area by means of the charac­
teristic X-ray emission. (The use of the instrument in this mode is dis­
cussed in Section 3.4.5.)
Most commonly, the microscope detects secondary or backscattered 
electrons; in these cases, contrast is principally a result of topography 
and atomic number effect. Thus, in these modes there would be no intrinsic 
contrast between the grains; hence grain boundaries would only be delineated 
if they contained large quantities of second phase, or had previously been 
etched to give topographic relief.
If, however, the microscope is used in the specimen current 
imaging mode, with a high beam current and at magnifications which are 
relatively low by scanning microscope standards, there is the possibility 
of showing grain contrast. In this imaging mode, contrast is related to 
the crystallographic orientation of each grain to the specimen surface 
and the angle of the beam at that point in the scan. These factors affect 
the diffraction of the incident beam when it enters the crystals, this 
effect being known as electron channelling. As the name implies, the 
electrons are channelled between crystallographic planes, the amount of 
channelling per plane depending on its packing and spacing, i.e. how near 
the planes are to the Bragg angle. This will cause a variation in the 
secondary electron emission, although in normal imaging modes, the weak 
contrast due to this effect, when superimposed with the normal contrast 
present, is not normally noticeable. Specimen current imaging, however, 
is much less sensitive to surface topography, and in this mode, crystal­
lographic contrast should be revealed.
Despite considerable effort on the part of the University of 
Surrey Structural Studies Unit, no grain contrast could be produced using 
this technique on samples of Hiduminium RR58, even in the fully recrystal­
lised state. Although further investigation into this technique was be­
yond the scope of the project, it may be summised that the fine grain size 
of the samples would tend to suppress adequate contrast. Scanning micro­
scopy, however, was used to determine the size of the fine S phase preci­
pitates in RR58 and Alloy F, heat treated to various conditions (see Sec­
tion 3.4.6). The original approach to this aspect of the investigation 
was to use electropolished specimens, but it was found, as can be seen in 
Figure 131 (taken using a scanning transmission microscope in the scanning 
only mode), that there was insufficient atomic number difference between 
the S phase precipitate and the matrix to produce any contrast. Therefore, 
a method of outlining the precipitate by etching was developed. Etching 
the specimen to the extent that S phase is visible under the optical micro­
scope relies on producing etch pits at the location of the particles, which 
may be much larger than the original particles. To ensure that this did not 
occur, mechanically polished samples were etched in dilute Keller's etch 
(see Appendix II) for very short time increments, the specimens being re­
examined in the scanning microscope after each etching. It was found that 
a point was reached at which the size of the particles could just be re­
solved by means of topographic relief at the particle matrix interface.
A number of photographs were taken for each alloy, in each condition, and 
the particle size estimated (Section 3.4.6). A sample photograph is shown 
in Figure 132.
2.13 Photo Emission Electron Microscopy
This technique is very rarely used, as photo emission electron 
microscopes (P.E.E.M.s) tend to be very expensive (1977 price in excess 
of~i(?120,000) and extremely rare. As the grain size of the alloys under 
investigation had not been revealed by any other method, a case was made 
to use the P.E.E.M. at Leeds University, which is the only one in the U.K. 
The microscope at Leeds is a Metioscope KE-3 made by Balzers Aktiengesell- 
schaft in Liechtenstein (see Figure 133).
In this microscope, the sample is held in a special specimen 
holder (Figure 134.) which allows for in situ heating. As the size of 
alloy sample used in this investigation was too small to allow the compli­
cated standard specimen (Figure 135 ) to be machined from it, a stainless 
steel adapter was made (Figure 136 ) which took small inserts of the alloy. 
Ultra violet light from four high pressure mercury vapour lamps is focused 
through quartz lenses onto the sample via reflection from a highly polished 
anode plate.
Ultra violet light causes emission of electrons from a region 
very close (<L00&) to the specimen surface. The mechanism of emission 
is given by the following equation:
(1/2) mvZ = hw - 4>
where m is the electron mass, v is the velocity of emitted photoelectrons, 
h is planks constant, w is the frequency of the U.V. light, and <j) is the 
work function, which' for most metals has a value of between 3 and 5 eV.
Thus it can be seen that image contrast in the P.E.E.M. is largely due to 
variations in the work function of the surface. The work function is de­
pendent on the crystallographic orientation, chemical composition, strain 
distribution, etc. Some contrast is also produced by relief on the speci­
men surface.
The emitted electrons are accelerated by the anode plate (under 
a potential of up to 40 kv) into three electromagnetic lenses. These focus 
and magnify the image to a theoretical maximum resolution of 200 S, the 
image being projected to a viewing screen and camera which lie at the 
bottom of the microscope. The whole body of the apparatus is evacuated 
to 10 ^ torr and by tilting the specimen stage, the sample may be cleaned, 
under vacuum, by two types of argon ion gun: a seven beam normal incidence
gun and a tangential incidence gun.
In theory, therefore, it appeared that this instrument would be 
well-suited to the current work. Unfortunately, in practice, there is
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little literature on the use of P.E.E.M. on aluminium and its alloys,
and the Leeds machine had never been used on aluminium alloys before; thus 
several fundamental problems arose. These difficulties became evident on 
examination of the first, specimens, which only showed the different con­
stituents of the alloys and revealed even the slightest scratching due to 
polishing. This effect was due to the flowed layer formed by mechanical 
polishing, whilst the accentuation of the surface scratches was due to the 
susceptibility of the technique to edge emission of electrons from surface 
imperfections. Argon ion bombardment removed the flowed layer, however, 
any contrast produced was due more to topographic relief rather than photo 
emission contrast (Figure 137). The lack of the expected contrast was due 
to edge emission from the.specimen at the pits caused by argon ion cleaning 
(see Appendix I, Section 2.9).
In order to remove the flowed layer, two techniques were examined:
(i) Etching for a period short enough to prevent pitting.
(ii) Electropolishing using Lenoirs reagent.
It was found that both methods gave similar results, which revealed 
another basic obstacle to image contrast in aluminium alloys. This is 
the formation of the extremely stable oxide on the specimen surface im­
mediately after electropolishing or etching. Argon ion bombardment of 
the specimen in the microscope removed the oxide film, however, in the 
relatively low vacuum, re-oxidation occurred within seconds, and any
grain contrast was transient (Figure 138). Repeated argon ion cleaning 
caused pitting, hence edge emission, which prevented image contrast.
It would appear, therefore, that the P.E.E.M. technique, at its 
present stage of development, is not suitable for aluminium alloys at room 
temperature, hence could not be employed in this investigation.
2.14 Modification of Grain Boundary Composition
2.14.1 General Aspects
Conventional chemical etching techniques operate on the 
basis of differential rates of attack on the structural features of the 
specimen. Hence, the fact that the grain boundaries of the Alloy F and 
RR58 specimens in this investigation could not be delineated by chemical 
or electrochemical etchants, suggested that the grain boundaries did not 
differ from the grain interiors sufficiently,.either chemically or electro* 
chemically, for them to be susceptible to preferential attack during etch­
ing. Consequently, to obtain boundary delineation, the composition of the 
grain boundaries would have to be changed to induce the necessary electro­
chemical difference for preferential attack.
In prinicple, this situation could be achieved by the 
controlled redistribution of existing alloying elements within the speci­
mens, i.e. by inducing either increased solute segregation or increased 
second phase precipitation at grain boundaries. A further possibility, 
however, is the introduction of a doping agent to the specimen grain 
boundaries, after the final annealing process, but prior to metallography.
Since the basic purpose of metallography is the study of 
the as-annealed structure, whichever technique is adopted must not cause 
any significant change in basic structural features of the specimen.
Thus, the techniques were necessarily limited to relatively low tempera­
ture treatments. Four such possibilities have been attempted, namely, 
low temperature ageing and the use of mercury, zinc, and gallium as post­
annealing grain boundary dopants. The results are discussed in the fol­
lowing subsections.
2.14.2 Low Temperature Ageing
Partially recrystallised samples were aged for up to 
20 hours at 190°C in order to precipitate the small amount of the "S" 
phase which was left in solution either as a result of the overageing 
treatment and quench from 400°C (in unstabilised short term anneal 
specimens), or.as a result of the quench from the annealing temperature 
(see Section 4.2.2). It was uncertain whether this ageing treatment would 
significantly alter the basic as-annealed structure. Since it was found, 
however, that chemical etching proved no more successful than in the un­
aged condition, this aspect was not pursued. It appeared that the method
was not feasible as the amount of "S’ phase precipitation on grain boundaries 
was insufficient for the purpose.
As this was the only precipitation mechanism available 
in the alloy which would not disturb a partially annealed structure, modi­
fications based on existing elements were abandoned.
2.14.3 Mercury as a Dopant
Specimens which had been put through the normal prepara­
tion and annealing treatments of this investigation were floated, polished 
surface down, on a bath of mercury at room temperature. After many hours, 
the only sign of attack was slight pitting of the intermetallic particles; 
this pitting became more severe as the contact time with the mercury in-
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creased. These results were in agreement with those of other workers 
who had found that copper bearing aluminium alloys are not readily attacked 
by mercury and that the most likely way of achieving uniform attack would 
be to polish the specimen under mercury. Due to the health hazard asso­
ciated with such procedures, the method was abandoned.
2.14.4 Zinc as a Dopant
(344)Other workers have used zinc to delineate the posi­
tion of grain boundaries in aluminium, although higher temperatures than 
the current work would tolerate were used to deposit and diffuse the zinc.
Nevertheless, it was thought feasible to attempt this technique at lower 
(344 345)
temperatures ’ . Initial experiments with zinc used vacuum deposi­
tion which gave a thick even coating. It was found, however, that no dif­
fusion of zinc took place, even after annealing at 100°C for 12 hours (see 
Figure 139). This was attributed to the inability of the zinc to penetrate 
the aluminium oxide. Thus a technique was required which would remove the 
oxide before depositing the zinc. Such a method is used industrially as a 
preparation for plating on aluminium: a strong zincate solution (see
Appendix V) is used which dissolves the aluminium oxide layer and replaces 
it by zinc. Brief immersion produces a very thin layer of zinc, however, 
by leaving the specimen in the solution for several minutes, a thicker, 
but eventually self-limiting, deposit is obtained. For the purpose of the 
current work, the coating proved too thin, being completely diffused into 
the bulk of the specimen in 24 hours at 120°C without showing any delinea­
tion of grain boundaries on etching. Hence a thicker coating of zinc was 
obtained by electro-plating zinc using a proprietary zinc plating solution 
and conditions (see Appendix V). To prevent dissolution of the zincate 
coating, which would prevent subsequent plating, the specimens were in­
serted with the plating potential applied. Unfortunately, despite the 
formation of a good quality zinc plate, it was found that even after 17 
hours at 120°C, there was no evidence of grain boundary delineation on
etching; probe analysis confirming that penetration of the zinc into the 
bulk of the specimen had been negligible.
2.14.5 Gallium as a Dopant
Contact with other w o r k e r s s u g g e s t e d  that gallium 
would probably be an appropriate dopant, in view of its high grain boun­
dary diffusion rate in aluminium (as implied by its tendency to promote 
intergranular attack. Initial experiments involved melting a small pellet 
of gallium (melting point 29.8°C) on the polished surface of a specimen of 
Hiduminium RR58, using an intense beam of light as the heat source. Under 
these conditions, an expanding circular area of attack grew rapidly from 
the bead of gallium. When the specimen was cooled, the excess gallium 
removed and the surface repolished, the following features were observed 
on the surface of the specimen.
i) There was a large pit located at the position of the 
gallium bead.
ii) The pit was surrounded by an area of severe inter- 
granular attack.
iii) The latter annulus was surrounded by an outer region 
in which grain boundary delineation was visible, and
iv) The remainder of the specimen was unaffected.
These features are schematically illustrated in Figure 140.
The existinee, in this initial experiment, of a zone of 
grain boundary delineation, indicated that gallium might be a suitable 
grain boundary dopant, but that a critical surface concentation of gallium 
would be required to achieve visible delineation without excessive attack. 
Consequently, a series of attempts were made to deposit gallium on Hidu­
minium RR5 8 specimens, under conditions which were more amenable to con­
trol than those in the initial experiment. These were:
i) Immersion in a mercury-4 atomic percent gallium amalgam 
was unsuccessful in that it led to severe pitting with 
no grain boundary delineation.
ii) Vapour deposition was rejected as being too difficult
v due to the extreme stability of liquid gallium (melting
point 29.8°C, boiling point 2250°C) and the possibility
of attack on any aluminium components within the vacuum 
(348)
system
iii) The decomposition of gallium salts on the specimen sur­
face \was investigated, but was rejected due to the in­
sufficiently small amount of gallium which could be de­
posited.
iv) Ion implantation was considered, but a suitable
accelerator was not available at the time. 
Electrolytic decomposition was investigated in some 
detail. The gallium salts which have been used by 
other w o r k e r s 357) as electrolytes were not 
readily available and, therefore, had to be prepared 
from metallic gallium. Dissolution of the metal to 
form an alkaline electrolyte proved impractical, 
since conventional solutions were strongly alkaline, 
hence, attacking the aluminium specimen, whilst 
attempts to prepare less alkaline solutions failed 
to produce the necessary gallium content. However, 
success was finally achieved using an acidic electro­
lyte, especially if the specimen was pretreated by 
the zincate dip (Appendix V). Full details of the 
resulting metallographic method are given in Section
APPENDIX II
Etching Techniques and Reagents
1. Conventional Chemical Etches 
WassermannTs Etch
Solution A: 50g Potassium Dichromate
50ml Water
20ml Hydrochloric acid 
Solution B: 20ml Water
• 84ml Nitric acid
2ml 40% Hydrofluoric acid 
Mix equal quantities of A and B before etching. Solution remains 
active for approximately two hours, but will degenerate more rapidly 
in presence of alcohol.
Mixed Acids Etch (Panseri’s Etch)
25ml Nitric acid 
15ml Hydrochloric acid 
5ml Hydrofluoric acid 
955ml Water 
25% Nitric Acid at 7Q°C
25ml Nitric acid 
75ml Water 
Use at 70°C. ...
Villela*s Reagent
50ml Glycerol 
35ml Hydrofluoric acid 
15ml Nitric acid 
Dilute Tucker’s Etch
6ml Hydrochloric acid 
2ml Nitric acid 
2ml Hydrofluoric acid 
90ml Water 
20% Sulphuric Acid at 70°C
20ml Sulphuric acid 
80ml Water
Use at 70°C.
1/2% Hydrofluoric Acid
0.5ml Hydrofluoric acid 
99.5ml Water 
Sodium Hydroxide
a) British Standards recommended Macro-Etch
50g Sodium hydroxide 
1000ml Water 
Then de-smut with 300g/l Nitric acid,
b) .lg Sodium hydroxide
99ml Water 
Sulphuric/Hydrochloric
180 to 350g Sulphuric acid 
5g Hydrofluoric acid 
1000ml Water 
Then de-smut with 300g/l Nitric acid.
Dilute Keller’s Etch
0.5g Sodium fluoride 
lml Hydrochloric acid 
2ml Nitric acid
97ml Water
Bossert’s Etch
. lg Sodium hydroxide 
lg Sodium carbonate 
94ml Water
4ml Solution containing 0.5% each of Z n C ^  and SnCl^
Flick’s Etch
10ml Hydrofluoric acid 
15ml Hydrochloric acid 
90ml Water 
1, 2 and 5% Nital
1, 2 and 5ml Nitric acid 
make up to 100ml Alcohol
Phosphoric Acid Etch for Aluminium 
125ml Water 
190ml Alcohol 
200ml Phosphoric acid 
Alcoholic Ferric Chloride
960ml Alcohol 
50g Ferric chloride (anhydrous)
20ml Hydrochloric acid 
Acidic Ferric Chloride
120ml Water 
lOg Ferric Chloride (anhydrous)
30ml Hydrochloric acid
Eume-Rothery Macro Etch, for Aluminium Alloys 
150g Cupric chloride 
1000ml Water 
De-smut in 50% Nitric acid.
Humphrey’s Macro Etch for Aluminium Alloys 
60g Cupric chloride 
25ml Hydrochloric acid 
500ml Water 
De-smut in 50% Nitric acid.
Phosphoric Acid at 50°C
10ml Phosphoric acid 
90ml Water
Use at 50°C
Sulphuric/Hydrofluoric Etch
5ml Hydrofluoric acid (48%)
10ml Sulphuric acid 
85ml Water 
Sodium Hydroxide/Sodium Fluoride
2g Sodium hydroxide 
5g Sodium fluoride 
93ml Water 
Nitric/Hydrochloric
8ml Nitric acid 
2ml Hydrochloric acid 
45ml Water 
45ml Methanol
Picric Acid
4g Picric acid 
100ml Water 
Ammonium Persulphate
2g Ammonium persulphate 
100ml Water 
Macro Etch for Copper Bearing Alloys 
25ml Nitric acid 
2ml Hydrofluoric acid 
73ml Water
Macro Etch for Copper Bearing Alloys (after Zeerleder) 
40ml Hydrochloric acid 
20ml Nitric acid 
10ml Hydrofluoric acid 
100ml Water
Ferric Nitrate Etch CMacroj
5ml Hydrofluoric acid '
100ml Ferric nitrate 5% solution 
ZeerlederT s Etch
10 drops Hydrofluoric acid 
5-10 drops Nitric acid 
100ml Water 
Etch for Aluminium-Magnesium Alloys
0.5ml Hydrofluoric acid 
lml Hydrochloric acid 
2g Anhydrous ferric chloride 
100ml Water 
Zincate Etch (ex Alcan)
0*05g Zinc oxide
30g Sodium hydroxide 
100ml Water 
Use at 80°C, de-smut with 75% Nitric acid.
Etch for Mg^Si
lg Ammonium oxalate 
100ml 15% 880 ammonia 
Smitthall’s Etch
7.7ml Hydrofluoric acid 
15.3ml Hydrochloric acid 
77ml Water 
Slow Etch for Grain Boundaries 
Pre-warm specimen in hot water and then dip in:
20ml Nitric acid 
20ml Hydrofluoric 
60ml Glycerine
This etch should not be stored as it becomes spontaneously explosive. 
Mercuric Chloride Etch
75ml Anhydrous isopropanol 
O.lg Mercuric chloride 
0.5ml Carbon tetrachloride (catalyst) 
Electropolishing/Etching and Anodising Solutions 
Chromic Acid Anodising
British Standard anodising solution (M.37)
30g Chromic acid 
1000ml Water
Use between 38 and 42°C. Increase voltage in 5 volt steps, then hold 
at 30 volts.
This gave continuous but non-epitaxial film.
Sulptiuric a c i q anoais-uig
Defence spec, anodising solution (D.E.F.-151)
90-400g Sulphuric acid
1000ml Water
-7 2
Current density 108-161 amp/m 
Perchloric/Acetic Electropolishing/Etching
22ml Perchloric acid 
78ml Glacial acetic acid
3-5g Aluminium (anodically dissolved)
2 .
Current density 300 to 500 amp/m ; 50 to 100 volts; less than 50°C, for 
5 to 15 minutes.
Perchloric/Acetic Anhydride Electropolishing/Etching
22ml Perchloric acid 
78ml Acetic anhydride
4-5g Aluminium (anodically dissolved)
2
Current density 300 to 500 amp/m ; 50 to 100 volts; 15 minutes, 
maintain below 50°C (mixture explosive).
Ale o holie Nitric Ac id Electropo1is hing/Etching
67ml Methyl alcohol (absolute)
33ml "Nitric acid
2
Current density 3,100 to 9,300 amp/m ; 4 to 7 volts; stainless cathode 
Standard Electropolishing/Etching Solution
6 2 m l Perchloric acid (7 0 % )
700ml Ethanol
100ml Ethylene glycol monobutyl ether
137ml Water 
2
Current density 38,500 amp/m ; polish in intervals to minimise 
solution heating; time approximately 20 seconds.
Anodising Solution for Aluminium (after Andre Hone)
70ml Orthophosphoric acid (85%)
2.5ml Water 
26.5ml Diethylene glycol monoethyl ether
1ml Hydrofluoric acid (48%)
2 2 
Current density starts at 155 amp/m dropping to 78 amp/m ;
20 to 50 volts; vigorous stirring; 20 minutes at 20°C.
Struers Anodising Solution
260ml Phosphoric acid 
130ml Water 
100ml Glycerol
5ml Hydrofluoric acid 
This solution, when used on a Struers Electropol in the recommended
manner, gave a continuous, but non-epitaxial coating.
50ml Perchloric acid 
600ml Ethanol 
200ml Butyl Cellusolve
plus 2 other undisclosed proprietary ingredients.
This solution, when used in conjunction with the ’’Poletrol" machine, 
gave an excellent polish, however, electroetching in the same solution 
gave results similar to conventional chemical etches.
Barker's Anodising Solution
1.8ml Fluoboric acid
98.2ml Water
. . .  2
Current density 1,550 amp/m ; 30 to 45 volts for approximately 20 seconds.
It was found that under normal laboratory conditions, a continuous 
film could not be obtained. Using the same solution in the "Poletrol” 
however, produced a continuous, but non-epitaxial coating.
HF Anodising Solution
2ml Hydrofluoric acid 
49ml Water 
49ml Ethanol
30 volts for 2 minutes, anode cathode distance 5cm.
Anodising Solution for Copper Bearing Aluminium Alloys 
35ml Sulphuric acid 
6ml Orthophosphoric acid 
1ml Nitric acid 
58ml Water
2
Use at 70-80°C; current density 1,500 amp/m , for 5 minutes.
Lenoir's Electropolishing Solution
817ml Orthophosphoric acid 
134ml Sulphuric acid 
40ml Water 
156g Chromium trioxide 
Use at 70°C; 10 volts for approximately 20 seconds.
This solution was found to give a reasonable electropolish on RR58, 
with less leaching out of the particles than had been experienced with 
many other solutions.
Chemical Polishing Solution
48.5ml Nitric acid 
48.5ml Ethanol
approximately lml Hydrogen peroxide (30%)
Use at 0°C; vigorously stirred, and allow to react for 10 to 30 minutes 
(no current applied).
5ml Fluoboric acid 
95ml Water
Use at 18 to 20°C; 20 volts for 60 to 120 seconds.
Etch for Copper Bearing Alloys
8.3g Hydrated ferric nitrate 
2ml* Hydrofluoric acid 
100ml Water 
*Alternative 1ml of nitric acid.
BerahaVs Etches
a) 100ml Water
5ml 35% Hydrochloric acid
b) Preclean with 10% sodium hydroxide, de-smut in 50% Nitric, 
then dip in solution below.
1.44g Ammonium nitrate 
9.4ml Nitric acid
100ml Water plus excess molybdic acid
Dilute with equal quantity of water before use.
First, pre-clean specimen in 20% Orthophosphoric acid at 95°C, 
followed by cold water rinse, then dip in solution below for 30 seconds.
Coating/Staining Solutions 
Franchini Etching Reagent
5g Ammonium molybdate 
lOg Sodium thiosulphate 
20ml 0.91 ammonia 
200ml Water
2g Sodium molybdate 
lg Ammonium bifluoride
200g Chromic acid 
20g Anhydrous sodium sulphate 
17ml 35% Hydrochloric acid 
1000ml Water
Molybdate Etch
Permanganate/Carbonate Solution
4g Potassium permanganate 
2g Sodium carbonate 
94ml Watei
plus a few dops of wetting agent
Buckle’s Reagent
4g Potassium permanganate 
2g Sodium hydroxide 
100ml Water
Potassium Sulphide Solution
30g Potassium sulphide 
100ml Water
Use at 60°C.
Beauj ard’s Reagent
60-80% Sodium bisulphite in aqueous solution 
Method Developed for Epitaxial Coating
To thoroughly clean the surface and remove flowed layer: 
lg Ammonium bifluoride 
100ml Water 
30-40 seconds at room temperature 
To produce the epitaxial coating:
4g Potassium permanganate 
2g Sodium carbonate 
94ml Water plus a couple of drops of wetting agent 
Three minutes (minimum) at room temperature.
This method produced exceptionally good grain contrast under polarised 
light in fully recrystallised specimens without heavy "S” phase precipi­
tation. In specimens that were cold worked, or considerably overaged, 
the contrast was much less distinct.
APPENDIX III ‘
Electropolishing Conditions used by Technische Hogeschool 
Twente, The Netherlands
i) Mechanically polish to 1 micron (see 3.4.2.1).
ii) Electrical contact made to specimen surface via platinum strip.
iii) Electrolyte consisted of proprietary"StruersA2" solution, 
diluted 10% with ethanol and preconditioned by first polishing 
several "dummy1' aluminium specimens,
iv) Polishing cell cooled to between 12 to 16°C.
v) Polishing time between 6 and 10 seconds (8 used for all micro­
graphs in this investigation). The current and voltage unknown
(set by polishing machine).
APPENDIX IV
Metallographic Technique for Alloy C 
Electropolishing
i) Specimens mechanically polished to 1 micron (see 3.4.2.1)
ii) Lenoirs solution (see Appendix II) heated to 90-100°C (not 
usual 70°C)
iii) Stainless steel cathode, 3 times specimen area
iv) Voltage regulated to 9 volts, specimen immersed with current 
applied
v) Polishing time. 75 seconds
vi) Specimen immediately rinsed with water and dried with methanol 
Anodising
After electropolishing, the specimens were ready for the anodising 
treatment.
i) Anodising solution 5ml Fluoboric acid in 95ml distilled
water at room temperature
ii) Stainless steel cathode
iii) Voltage regulated to 17 volts
iv) Polishing times:
Optimum for micro-examination 23 seconds 
Optimum for macro-examination 150 seconds
v) Rinse with water, dry with petroleum ether
Finally, structure should be observed using crossed-polarisers and 
mercury vapour light source (Appendix I, Section 2.4).
APPENDIX V
Zinc Deposition
Zinc Plating Details
A proprietary alkaline zinc plating solution was used; no
2
brightening agents were added. A plating current of 200 amp/m 
was used at room temperature, commercial purity zinc anode (anode 
to cathode ration 1.5:1) and vigorous stirring.
Zincate Solution
The solution is similar to that used in commercial alkaline 
zinc immersion baths. When aluminium is immersed in an alkaline 
zincate solution at room temperature, the oxide film present on the 
surface dissolves, and as soon as any underlying aluminium is ex­
posed, it also starts to dissolve and is immediately replaced by an 
equivalent weight of zinc. When the aluminium surface is completely 
covered with an extremely thin layer of zinc, action in this solution 
virtually ceases.
A basic zinc immersion bath composition was used in producing 
the solution:
450g Sodium hydroxide 
90g Zinc oxide 
1000ml Water
It should be noted that the coating produced by this zincate 
dip is soluble in most zinc plating solutions. Thus, if this treat­
ment is used prior to zinc plating, the specimen should be inserted 
into the plating solution with the plating current on.
APPENDIX VI
. External Assistance
Whilst endeavouring to find a viable metallographic technique for 
use in this investigation, technical advice was gratefully received from 
the following establishments:
Alcan Research Laboratories, Banbury 
British Aircraft Corporation, Filton 
British Aluminium Corporation, Chalfont St. Giles 
British Non-Ferrous Metals Research Association, Wantage 
Fulmer Research Institute, Stoke Poges 
High Duty Alloys, Slough 
Royal Aircraft Establishment, Farnborough 
Swedish Institute for Metals Research, Stockholm 
Technische Hogeschool Twente, Enschede 
University of Leeds, Leeds 
Many of the above were sent samples to experiment with, but unfor­
tunately, none managed to find a viable metallographic technique to de­
lineate grain boundaries.
TABLE 1
Optimised Composition of Commercial Hiduminium RR58
Percent by weight 
Element Min. Max.
Copper 1.8 2.7
Magnesium 1.2 1.8
Silicon 0.15 0.25
Iron 0.9 1.4
Nickel 0.8 1.4
Manganese - 0.2
Titanium - 0.2
*
Zinc - 0.1
Lead - 0.05
Tin - 0.05
Other elements - 0.05
Invariant reactions at the aluminium corner of the Aluminium -
Copper - Magnesium system.
Reaction Temperature Composition
(°K) (°F) %Cu % M g
f A) liq.—► A1 + CuA12 821 1018 33.2 0
(B) liq.—  A1 + CuA12+ CuMgAl2 780 944 30 6
(C) liq.—  AJ + CuMgAJj 791 964 24.5 10.1
(quasibinary)
(D) liq. + CuMgAlj—  A1 + CuMg4Al<5 740 872 10 26
(H) liq.—* CuMg4Al< + A1 + Mg5Alg 722 840 2.7 32
(F) liq.—  A1+- MgjAl, 723 842 0 34
TABLE 3 .
Chemical Analysis of the Alloys Used in the Investigation
Percent by weight
Element RR58 Alloy F Alloy C
Copper 2.50 2.48 <0.1
Magnesium 1.53 1.60 <0.1
Silicon 0.22 0.20 <0.06
Iron 1.01 <0.1 1.01
Nickel 1*15 <0.1 1.16
Manganese 0.03 <0.03 <0.03
Titanium 0.04 0.02 0.04
Zinc 0.10 <0.05 <0.05
TABLE 4
Etching characteristics of constituents in aluminium alloys, 
(From Metallography of Aluminum Alloys, Lucio F. Mondolfo, 
John Wiley and Sons, New York, 1943)
N o t Etched
Fe(NCH)*. 2S%. 
30 Sec. by 
Swabbing
HjSO«. 20%. 
160*F, 30 Sec. 
by Immersion
HNOj. 23%. 
160°K, 40 Sec, 
by Immersion
H F , 0.5%. 
15 See, by 
Swabbing
'
NaO H. 10%. 
160°K, 5 Sec, 
by Immersion
Acid M ixture, 
0.5%  H F . 1.5%  
HC1, 2.5%  
H N O j. 15 Sec. 
by Immersion
Black Black Black
Black Black Black
Lighter L’nattacked Unattacked
Light brown Light brown Light brown
Unattackcd Light brown to Unattacked
blue
Unattacked Light to dark Unattacked
brown \
Light to dark Dark brown Slightly darkened
brown
Unattackcd Light to dark Black
brown
Slightly darkened Brown to blue Unattacked
Brown to blue Dark brown to Brown to black
blue
Darkened Light brown Darkened
Dark brown, eaten Brown Black
Brown Unattacked Black, eaten
Dark brown to Brown D ark  brown to
black black
Light brown Dark brown to Light brown
black
Light brown Light brown Light brown
Bi
Pb
Si
CoiAl,CrAl7
CuAlj
FeA lj and 
FejAlT 
M gjA lj
MnAI«
N iA lj
TiA I*
MgjSi
M gZn j and 
MgZns 
AlCoFe
(CrFe)Alr
A lC rM g
Gray to blade 
Gray to black 
Slate-gray 
Pale violet 
Gray
Pale pink
Purplish-gray
Pale ivory
Pale blue 
Yellowish-gray
Gray
From blue-gray to  
blue or black 
Light gray
Pale violet
Gray
Black
Black
Unattacked
Unattacked
Unattacked
Dark brown to 
black 
Unattacked
Unattacked
Unattacked
Unattacked
Unattacked
Black
Black, eaten 
Unattacked 
Unattacked
Pale gray-yellow Unattacked
Black
Black
Unattacked
Unattackcd
Unattacked
Lighter
Black
Black
Unattacked
Unattacked'
Unattacked
Black
Black, eaten 
Unattacked 
Unattacked 
Unattacked
Hlack
Black
Unattacked
Unattackcd
Unattacked
Black
Unattackcd
Unattackcd
Unattackcd
Unattackcd
Unattacked
Black
Black, eaten 
Unattacked 
Unattacked 
Unattacked
■{AlCrSi) Gray Unattacked Unattacked Unattacked Light brown Light brown Light brown
fl(AlCrSi) Light gray Unattacked Unattacked Unattacked Unattacked Unattacked Unattacked
(C uFe)A l, Light yellowish 
gray
Unattacked Unattacked Unattacked Brown Dark brown to 
blue
Black
CujFeAh Light gray Unattacked Unattacked Unattacked Unattacked Light brown Light brown
«(AlCuFe) Gray Unattacked Light brown Unattacked Light brown Unattacked Brown
CujM gjAU From pale brown 
to  black
Black Black Black Black Black Black
CuMg*Al« From pale to  dark 
brown
Black Black Black Black Black Black
A lC uM n Brown gray Unattacked Unattacked Unattacked Brown to blue Light brown Black
(CuNi)tAlg Gray Unattacked Unattacked Brown Light brown Light brown Brown to  black
A lCuN l Gray Unattacked Unattacked Black Unattacked Unattacked Unattacked
(FeMn)Als Gray Unattacked Unattacked Unattacked Brown to blue Brown to  blue Darkened
FeNiAl* Gray Unattacked Unattacked Unattacked Dark brown to  
blue
Light brown Dark brown to  
blue
a(AlFeSi) Gray violet Unattacked Black Unattacked Light brown Dark  brown Brown
FeSiAl, Light gray Unattacked Unattacked Unattacked Unattacked Light brown Dark  brown
i(A lFeSi) Very light gray Unattacked Unattacked Unattacked Light brown Unattacked Light brown
M gjZn jA lj Light gray Brown to black Black Black Brown to black Unattacked Black
a(A lM nS i) Gray Unattacked Light brown Unattacked Light brown Unattacked Light brown
a(AlMnSi) Light gray Unattacked Unattacked Unattacked Slightly darkened Slightly darkened Slightly darkened
AlCrFeSt Gray Unattacked Black Unattacked Light brown Light brown Light brown
AlCuFeM n Gray Unattacked ' Brown to blue Unattackcd Dark brown to 
blue
Unattacked D ark  brown to 
blue
AlCuFeNi Light brown-gray Unattacked Unattacked Unattacked Brown to blue Brown to  blue Brown to blue
AlCuFeSt Light gray Unattacked Light brown to  
black
Unattacked D ark  brown Light brown D ark  brown
CuM gtSitAL Gray Unattacked Unattacked D ark  blue to 
black
Dark brown to  
black
Unattacked Black
AlFeMgSi Very light gray- 
blue 
Gray
Unattacked Unattackedi Unattacked
Unattacked Unattacked Unattacked
a(AJFeMnSi) Unattacked Black Unattacked Dark brown Dark  brown Light brown
5(AlFeMnSi) Light gray Unattacked Unattacked Unattacked Light brown Light brown Light brown
TABLE 5
The etching characteristics of common metallographic phases in 
aluminium alloys.
(From Metal Progress, Vol. 23, 1933)
C onstituents
Q eagent
0 S \H f Swab fo r 
!5  seconds, 
wash m cob m otor
!%NaOH Sweb h r 
JO seconds, 
mash h  running mater
eO % tU 5Q ,atfO °C . 
im m erse specimen 
fo r SO seconds, 
quench in  cold w ater
<?5% HN0,dt 70°C., 
im m erse specimen 
fo r 40seconds, 
Quench in  cold w ater
10chN a0M et?0oC., 
im m erse specim en 
fo r 5  seconds, 
rinse  in  co ld  w ater
o .5 ab m 5 % m  
£.5%MN03, im m erse 
specim en fo r 15sec., 
rinse  in  worm  m ater
S ikcon
Outlined. 
Unattackcd. 
Color :>gt*tntd.
Outlined.
Unattached.
Cbbrshght/y lightened.
Unattacked. 
Color lightened.
Outlined. 
Unattached. 
Color lightened.
Outlined. 
Unattached. 
Color lightened.
Outlined. 
Unattocked. 
Cobr lightened.
f& S i Cobred bright blue. Outlined. Cbbr unchanged-
Action rm/pnt
SomeperMes 
dtssotred.anybft 
hare a Sue co/or.
Colored brown or black. Outlined. Co/or lightened- 
(
Outlined. 
Cobred b/ue to  brown.
CuJUf
Outlined, dart o f 
pm ttsh t.-nge removed. 
Constituent 
hght onddear.
Outlined, hart o f 
p inktth  hnge remoeed. 
Constituent 
hght and char.
Outlined-Pert o t 
pinkish tinge removed 
Constituent 
lig h t and deer.
Colored brown o r black.
Pitted. 
Colored hght to  
dork brown.
Outlined. 
Constituent 
lig h t and dear.
Outlined S ighty 
detrerond more watery. 
Sack p its  acpear 
hportides.
Not Outlined. 
Unattacked. 
Unco/ored.
Attacked rigorously 
resultm gm pitting. 
Somepart/des dissolved.
heavy attack, 
particles grayish 
end watery.
Outlined.
Unattocked-
Uncolored.
Heeviy outlined. 
Attacked by p ittin g .
frA J ,
S ightly darkened 
brown stawg appear on 
brgeprm ary particles.
(kittined . 
SNghty darkened-
Hearty attacked, 
(articles often dissolved 
or deepy pitted. 
Cobrdarkened.
Outlined. 
Contrast w ith J / fed i 
improved.
Outlined. 
Colored deep brown.
Outlined. 
Unco/ored. 
S /igh ty attacked.
a A ffe -S i OutlinedVNot colored.
Outlined 
Not cobred.
Outlined, 
blackened ond attacked.
Outlined. 
Contrast w ith FeAlj 
improved.
Attacked.
Blackened.
Heavily outlined. 
Darkened and 
roughened.
fiA h ft-S i bbckenedandatiocked
Outlined
Unco/ored.
Unattocked.
Outlined. 
S ighty darkened 
and p itted .
Outlined.
Uncobred.
Unattached.
Outlined. 
S /igh ty darkened 
and attacked.
O utlined. 
S ligh tly darkened 
and roughened.
A l-H n _ Outlined. S igh tly darkened.
Attacked. Colored 
brownish o r bbtsh 
but cobrm gu uneven
Outlined.
Unco/ored.
Unattocked.
Not Outlined. 
Unattocked. 
Uncolored.
Cobred b/ue o r brown.
Outlined.
Unattocked.
Unco/ored.
N iJU j
Outlined.
Cobred
Sue and broom.
Outlined. 
Darkened sligh tly, 
hbtcobred.
Outlined. 
Darkened sligh ty. 
Not colored.
Outlined.
Unco/ored:
Unattocked.
Go/ored b/ue 
to  deep brown.
Cobred brown 
tobbek.
A F feH n
Outlined. 
(Sored broom. 
(Somebmes bluish)
Outlined- 
Particles p itte d  
(Oftenorough biuecobr 
on a te *p a rt c its .)
Outlined.
Unattocked.
Uncobred.
Outlined.
Unattached.
Uncolored.
Colored deep 
brown to  bbe.
Outlined.
Attacked.
Darkened.
A t-6 /J S
Outlined.
Unattached.
Darkened.
Outlined. 
S igh tly darkened. 
Notattacked.
Outlined. 
S igh ty darkened. 
Not attacked.
blackened. 
Some particles 
dissolved-
Outlined.
Unattached.
Unco/ored.
fo tlin e d . 
Some large partb/es 
stained uneveny.
aA hC u-fp Outlined.bbckened.
Outlined.
Unattached.
Unco/ored.
Outlined.
Unattached.
Uncolored.
Outlined.
Unattached
Unco/ored.
Outlined.
blackened.
Attacked.
blackened.
pA F G u -f*
Outlined.
Unattached
Unco/ored.
Outlined. 
S igh ty darkened.
Outlined and unco/ored. 
Often show black cores 
which are probably 
fpA/s
Outlined. 
SUghNy darkened. 
Unattached.
Pitted. 
Colored hght brown.
Outlined.
blackened.
A LC u-fe-H n
OutUned.Cobred 
fig h t broom to  Sack. 
Usually aooears 
roughened.
Outlined. 
Unco/ored.
Outlined.
Blackened.
Outlined.
Unattached.
Unco/ored.
Outlined.
Unco/ored.
Outlined. 
Cobred brown 
fob/adc.
A t-M n-S i
Outlined. Cobred 
lig h t broom to  block. 
Usuallyappears 
roughened.
Outlined. 
Usually appears 
rough end attacked. 
S ig h tly  darkened.
Outlined. Appears 
rough end attacked. 
Darkened s ig h ty.
Outlined. 
Appears rough. 
Darkeneds/ighty.
Outlined. 
Attacked. 
Cbbr not changed.
Outlined. 
S ligh ty darkened.
JU-Gu-Mg Outlined. t  Slackened.
Outlined. 
Colored hght brnmn.
Outlined.
Attacked.
blackened.
Outlined.
Attacked.
blackened.
Outlined. 
Unattached. 
Cobred brown.
Cobred brown 
tobhek.
CaSig
Colored blue. 
Heavr/y outkned.
Outlined. 
Cbbr unchanged.
Outlined. 
Cobred Sue. 
Boughened.
Outlined.
Unattached.
Unco/ored.
Outlined. Bbckened. 
Altackedand 
roughened.
Coloredbrown b  blue. 
M ottled.
M -G rh tn
Outlined.
Attached.^
bbclered.
Outlined.
Unattocked.
Uncobred.
Outlined. 
(Sored lig h t brown.
Outlined.
Unattached.
Uncolored.
Outlined.
Attacked.
bbckened.
Attacked.
Bbckened.
m
Outlined. , 
Unattached. 
Uncobred.
Oultmed.
Unattached.
Uncobred.
Outlined.
Unattached.
Unco/ored.
Outlined
Unattached.
Uncolored.
Outlined. 
Cobred b/ue 
to  brown uneveny.
O utlined.
Unattached.
Unco/ored.
AhO -Fe
Colored hght broom. 
U tm acM *
Not outlined, 
Unattocked. 
Uncobred.
Outlined.
Unattocked.
Uncobced.
Not outlined. 
Unattached. 
Uncolored
Small p e rt ides 
cobred brown tobhek. 
large particles, 
stam edallcobra.
Outlined. 
Cobred fig h t brown. 
Notattacked.
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TABLE 7
Summary of Thermal Analysis Results 
“ Not present or not detected 
= Very small or poorly defined
Well defined clear exotherm/endotherm
Analysis Technique, 
Alloy Condition 
and Subsection
S' Phase 
Precipitation 
at = 100°C
is *  to S Phase 
Conversion 
at = 270°C
S Phase 
Dissolution 
. Up ~to 460°C
Onset of 
Melting 
°C
D'.T.A. on 
RR58
(4.2.1.1) O O O 5 5 5
D.T.A. on 
Alloy F 
(4.2.1.2) o o o 5 5 7
D.T.A. on 
Alloy C 
(4.2.1.3) o o o 6 2  5
D.S.C. on 
Aged RR58 
(4.2.2.1) o • 5 7 0
D.S.C. on 
Aged Alloy F 
(4.2.2.2) o • 5 7  5
D.S.C. on  ^
Alloy C 
(4.2.2.3) o o o
Out of 
Range
D.S.C. on Solution 
Treated RR58 
(4.2.2.4) • • 5 7 0
D.S.C. on Solution 
Treated Alloy F 
(4.2.2.5) • • • 5 7 5
Isotherm D.S.C. 
Unstabilised RR58 
(4.2.2.6)
NO RESULTS
Isotherm D.S.C. 
Unstabilised Alloy F 
C4.2.2.7)
NO RESULTS
D.S.C. on 
Unstabilised RR58 
(4.2.2.8) • • 57 0
D.S.C. on
Unstabilised Alloy F 
(4.2.2.9) • # 4k 57 5
D.S.C. on 
Stabilised RR58 
(4.2.2.10) o o • 570
D.S.C. on" 
Stabilised Alloy F 
(4.2.2.11) o o • 575
Key: Q
3
TABLE 8
Sch^Tnatic summary of metallographic observations for the 
stabilised alloys.
270°C
(543K)
Subgrains
develop
i
1 Subgrains 
1(coarsen 
1
Recrystallisation 
from coarse 
particles
o
300°C
(573K)
Subgrains
develop
jsubgrains
’coarsen
Recrystallisation 
from coarse 
particles
> ■
i
1
o
- 1
- 1
<
330°C
(603K)
Subgrains
develop
1 ... '
|Sub-
inrains
'coarsen
1
1
Recrystallisation 
from coarse 
particles
360°C
(633K)
Subgrains 
develop and 
coarsen
Recrystallisation 
from coarse 
particles
270°C Subgrains develop in denuded regions, especially
(543K) at long times. But no recrystallisation
300°C Subgrains develop 1n denuded regions, especially
11.
>■
(573K) at long times. But no recrystallIsation
o
- J
- J
<
330°C
(603K)
Subgrains ' Subgrains 1n Jpartial
develop in 1 denuded regions IrecrystalHsation - does ,
denuded recions | coarsen Inot go to full1 'impingement 1
360°C
(633K)
Subgrains i Subgrains in 1 Partial recrystallisation 
develop in 1 denuded regions 1 does not go to full 
denuded recions 1 coarsen 1 impingement
! ! 1
270°C
(543K)
1
Subgrains develop . More subgrains develop, becoming 
initially from equiaxed and coarser. But no 
coarse particles 1 recrystallisation
1
RR
58
3008C
(573K)
Subgrains develop Subgrains become 1 Partial recrystallisation 1 
initially from • equiaxed and i originatlno at i 
coarse particles t coarser 1 coarse particles '
1 1 1
330°C
(603K)
Subgrains jSubgrains J Incomplete recrystallisation | 
develop ■ originating at coarse particles , 
(as at 300°C)I coarsen I leaving patches of subqrains 1
1 1
360®C
(633K)
Subgrains 
develop and 
coarsen
Recrystallisation to completion 
originating at coarse particles
0.1 1.0 10 100 1,000 10,000
... ... >. M 1----------------- 1- - - - - - - - - 1- - - - - - - - - 1- - - -
Approximate annealing time (minutes)
TABLE 9
Schematic summary of metallographic observations for the 
unstabilised alloys
Subpralns develop In denuded regions, especially
at long times. But no recrystallIsation(543K)
Precipitation
300*C Subgrains develop 1n denuded regions, especially
(573K) at long times. But no recrystallIsation
Precipitation
■330°C Subgrains 
develop in
Subgrains in 
denuded regions
Partial recrystallIsation 
- does not go to full
270'C
Subgrains develop  ^
initially from coarse 1 
particles | More subgrains develop, becoming 
equiaxed and coarser. But no
(543K)
Precipitation
- ^ 1 recrystallisation
300°C
Subgrains develop * 
initially from 1 
coarse particles |
Subgrains become J  Partial recrystallisation 
equiaxed and orioinatinn at
(573K) coarser ' coarse particles
0 0
I D
Precipitation 1
|
C C0 0
330°C Subgrains f “ 6 ‘  ! Incomplete recrystallisationdevelop grains 1 originating at coarse particles
(603K) — » ^ a s a t  300° C) 
Precipitation
lcoarsen| leaving patches of subgrains
360#C Subgrains Recrystallisation to completion
develop and
(633K) coarsen originating at coarse particles
Ppt. - - - .
0.1 1.0 10 100 1,000 10,000
- J -------------------.1 ..........  I-------------------- 1__________L j   i
Approximate annealing time (minutes)
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FIGURE
FIGURE 2
FIGURE 3
25’C
WW
to 30 40 50 60 70
% redaction in thickness -  a Swann
. The cell size of aluminium as a function of the amount of 
deformation at room temperature (after Cotterill and Mould, 
ref. 3)
OOl 5
OOIO
0- 005 J
20
200ISO 300 350250 400OO
TEMPERATURE ®C
Power difference (AP), increment in electrical resistivity 
(Ap), and hardness (Vhn) for 99.998% aluminium deformed 75% 
in compression (after Clarebrough et al., ref. 21)
i
i
annealing temperature ( T) annealing temperature ( T )
i i i i i i
b)
r r
(a) hardness vs. annealing 
temperature; (b) rate of change of hardness with annealing temperatures 
'•■s. annealing temperature. ‘ Metal 1 softens slightly prior to primary 
recrystallization. * * Metal 2 softens entirely during primary recrystailiza-
tion.
The assessment of 50% primary recrystallisation by means of 
hardness testing after isothermal annealing (after Cotterill 
and Mould, ref. 3)
FIGURE 4
FIGURE 5
(a) (b)
Schematic representation of the polygonisation process
(a) random arrangement of edge dislocations, and
(b) alignment of edge dislocations to form walls.
M (W
S U tO U M  STW CTUKC K F O K C  N U C U V  COALESCENCE OF S tJM ftA M S  A AJO 8,
no*. a n o  c a m  a
A A M U  a O U N O A K C S .
Schematic representation of the formation of a primary 
recrystallisation nucleus by subgrain coalescence. The 
thickness of the line denoting misorientation across the 
boundary (after Hu, ref. 40)
grain B
(i)
grain A grain B
(U)
grain A grain 8
(Iii)
FIGURE 6. Schematic representation of primary recrystallisation by 
strain induced grain boundary migration (after Beck and 
Sperry, ref. 53)
'370'
.0/
<3/0
.00/
4 ; 8 -
PERCENT ELONQ.
!20
3 /q t
ELQN&mQN - X
FIGURE 7. The rate of nucleation and growth in aluminium at 20% 
recrystallisation as a function of prior deformation 
(after Anderson and Mehl, ref. 68)
energy lipttt, 97, cal/u
FIGURE 8 . Percentage energy stored in a deformed metal (S) as a
function of the total energy introduced during deformation 
(after Clarebrough et al., Acta Met., 6  (1958) 725) - • Fine 
grain 4* Coarse grain.
(a) (b) (c)
b
(d) (a)
FIGURE 9 . Schematic representation of deformation and possible plastic 
relaxation mechanisms in crystals containing non-deformable 
particles (after Humphreys, ref. 187)
I— •
a : cn
o->-
j 2  
< <
1 0-2 
S H E A R  STRAIN
FIGURE 10. Effect of particle size and strain on dislocation structures 
at SiO« particles in a Brass, Structures seen are a primary 
prismatic loops, B and y - secondary prismatic loops and 
6 - rudimentary rotational structures (after Humphreys and 
Stewart, ref. 186)
/ \
FIGURE 11. Schematic representation of annealing behaviour of deformation 
zone (after Humphreys, ref. 187)
100
nuclaation 
' / /  at/// 
particles
806- o o
O 60
Q 40
oo
20
PARTICLE D IA M E T E R , | i m
FIGURE 12. Conditions of deformation and particle size for which nucleation
is.observed to occur at particles of Si in rolled Aluminium
(after Humphreys, ref. 196)
FIGURE 13
-(b)
Schematic sketch o f  continuous recrystallization
(a) No grain boundaries are able to move as recrystallization 
front. Annihilation and rearrangement o f  the dislocations 
are controlled by the growth o f  the particles. Subgrains form 
and their size and orientation difference {indicated by the 
thickness o f  the lines ) increase.
(b) Sub-boundaries are pinned by particles.
(c) After dissolution o f  the smallest particles, a subgram can 
anneal out by Y-node motion {left) or by subgrain rotation 
{right) indicated by the arrows.
Schematic representation of continuous recrystallisation 
(after Hornbogen and Koster, ref. 5)
25
20
15
3(S)
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log particle fraction F
FIGURE 14. The variation of interparticle spacing value with method of 
calculation(after Corti, Cotterill and Fitzpatrick, ref. 222)
I = metallography
^ d B , „ v O = j^(max)finish ofrecrystallization
320
50%
recrystallization300
start of — 1 4-
recrystallization
240
number of FeAl3 particles/cm
FIGURE 15. Isochronal recrystallisation data as a function of the number 
of dispersed FeiU.^ particles in Aluminium-Iron alloys deformed 
60% at room temperature and annealed for 1 hour (after Mould 
and'Cotterill, ref. 221)
interparticle spacing (microns)
FIGURE 16. The apparent nucleation rate (N*) and the apparent growth 
rate (G1) as a function of the centre to centre nearest 
neighbour distance for Aluminium-copper alloys (° after 
Doherty and Martin, ref . 232) and for Aluminium-iron alloys 
(• Mould and Cotterill, ref. 221)
X
5 x 1 0
■vA—  
,0 »
l3 (microns)
v*—
0.6 0.8
(j (microns)
5
8 -
ra:
8
§-
0.8 0.8 1.0 «
2^(r) (microns)
Initial grain diameter 30
microns, 60% thickness, reduction by rolling at room temperature, 
annealed at 480°C; t {/2 *  time for 50% recrystallization, N* -  apparent 
hudeation rate, G' *  apparent growth rate, D% 3 final diameter, A3( r )  f  
centre-to-centre nearest neighbour distance.
Mean particle radius (microns): X, °°(pure iron);© , 0.15;^, 0.17; Q, 
0.19; *  , 0.22; * ,  q.27; ■ 0.36.
oo
d3 (microns)
FIGURE 17. Recrystallisation.data for iron-alumina alloys as a function 
of particle size and the interparticle spacing (after Corti 
and Cotterill, ref. 224)
<_»OlCC
3(R)Inferp article spacing
FIGURE 18. Schematic representation of the effect of interparticle
spacing on the recrystallised grain size in an alloy system 
following the Mould and Cotterill Model of interparticle 
spacing dependent recrystallisation
W t % M g
800* line'
Cul
Wt.% Mg
(b)
FIGURE 19. Aluminium comer of the Aluminium-Copper-Magnesium equilibrium 
diagram, (a) Liquidus surface, (b) Phase distribution in 
the solid and solid solubilities at various temperatures, 
(after Mondolfo, Aluminium Alloys, Butterworths, London, 1976)
O'
507
2 0
C0PP6R-WEICHT, %
20 40 4 So I s 50I O
FIGURE 20. The Aluminium-Copper-Magnesium diagram, liquidus surface and 
boundaries of Al, CuAl2 and S phase fields at relatively low 
magnesium contents (Aluminium Development Ass., ref. 109)
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FIGURE 21. The Aluminium-Copper-Magnesium diagram, solidus surface 
(Aluminium Development Ass., ref. 109)
C O W »  WdCHT
FIGURE 22. The Aluminium-Copper-Magnesium diagram, limits of solid 
solubility (Aluminium Development Ass., ref. 109)
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FIGURE 23. Microstructure at core of as-cast RR58 x 600.
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24. Microstructure at surface of as-cast RR58 x 600
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25. Microstructure of as-cast Alloy F x 600
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26. Microstructure of as-cast Alloy C x 600
27. Flow sheet for specimen preparation, processing and 
experimentation (located in text)
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FIGURE 28. Microstructure of homogenised RR58 x 600
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FIGURE 29. Microstructure of Alloy C after eight triaxial forging cycles 
x 600
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FIGURE 30. Microstructure of RR58 after eight triaxial forging cycles x 600
FIGURE 31. Forged bar after machining
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FIGURE 32. Microstructure of forged bar of RR58 after solution treatment 
and overageing x 600
HI* TEMPERATURE 4®N5 CF STABILISED RR5S AFTER 
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FIGURE 33. The room temperature ageing of stabilised RR58 after annealing 
at 360°C for 1000 minutes, then quenching
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34. The room temperature ageing of stabilised Alloy F after 
annealing at 360°C for 1000 minutes, then quenching
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35. “Microstructure of cold worked RR58 as revealed by the 
T. H. Twcnte electropolishing technique X1200
36. Microstructure of cold worked Alloy F as revealed by the 
T. H. Twente electropolishing technique x 1200
FIGURE 37. Microstructure of cold worked Alloy C as revealed by the 
T. H. Twente electropolishing technique x 1200
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FIGURE 38. Schematic diagram of gallium plating apparatus
FIGURE 39. Microstructure of as-homogenised Alloy F x 1000
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FIGURE 40. Microstructure of overaged Alloy F x 600
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Comparison of results from annealing experiments conducted to 
test experimental reproducibility. Unstabilised RR58 annealed 
at (a) 270°C, (b) 330°C
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FIGURE 51. D.S.C. results for RR58 in the aged condition
AT
FIGURE 52. D.S.C. results for Alloy F in the aged condition
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FIGURE 53. D.S.C. results for unstabilised RR58
AT
FIGURE 54. D.S.G. results for stabilised RR58
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FIGURE 55. Metallographic features as revealed by gallium plating technique 
(unstabilised RR58, annealed 0.-3 min. at 300°C x 2200)
FIGURE 56. Stabilised RR58, annealed at 270°C for 1.0 min. x 1000
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57. Stabilised RR58, annealed at 270°C for 1.0 min. x 2000
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58. Stabilised RR58, annealed at 270°C for 30,000 min. x 1000
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FIGURE 59. Stabilised RR58, annealed at 300°C for 1.0 min. x 1000
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60. Stabilised RR58, annealed at 300°C for 10,000 min. x 1000
61. Stabilised RR58, annealed at 330°C for 0.3 min. x 1000
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62. Stabilised RR58, annealed at 330°C for 0.3 min. x 2000
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FIGURE 63. Stabilised RR58, annealed at 330°C for 1000 min. x 1000
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64. Stabilised RR5S, annealed at 360°C for 0.1 min. x 1000
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65. Stabilised RR58, annealed at 360°C for 0.1 min. x 2000
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FIGURE 66. Stabilised RR58, annealed at 360°C for 10 min. x 1000
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FIGURE 67. Stabilised Alloy F, annealed at 270°C for 3,0 min. x 1000
FIGURE 68. Stabilised Alloy F, annealed at 270°C for 30,000 min. x 1000
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69. Stabilised Alloy F, annealed at 300°C for 3.0 min. x 1000
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FIGURE 70. Stabilised Alloy F, annealed at 300°C for 10,000 min. x 1000
FIGURE 71. Stabilised Alloy F, annealed at 330°C for 1.0 min. x 1000
FIGURE 72. Stabilised Alloy F, annealed at 330°C for 300 min. x 1000
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r3. Stabilised Alloy F, annealed at 330°C for 1000 min. x 1000
Stabilised Alloy F, annealed at 360°C for 1.0 min. x 1000
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FIGURE 75. Stabilised Alloy F, annealed at 360°C for 300 min. x 1000
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FIGITRE 76. Alloy C, annealed at 270°C for 3.0 min. x 800
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FIGURE 77. Alloy C, annealed at 270°C for 10 min. x 800
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78. Alloy C, annealed at 270°C for 30 min. x 800
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79. Alloy C, annealed at 270°C for 100 min. x 800
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FIGURE 80. Alloy C, annealed at 270°C for 1000 min. x 800
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FIGURE 81. Alloy C, annealed at 300°C for 10 min. x 800
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FIGURE 82. Alloy C, annealed at 300°C for 300 min. x 800
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FIGURE 83. Alloy C, annealed at 330°C for 1.0 min. x 800
FIGURE 84. Alloy C, annealed at 330°C for 3.0 min. x 800
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FIGURE 85. Alloy C, annealed at 330°C for 10 min. x 800
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FIGURE 36. Alloy C, annealed at 360°C for 0.3 min. x 800
FIGURE 87. Alloy C, annealed at 360°C for 3.0 min. x 800
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FIGURE 88. Unstabilised RR58, annealed at 270°C for 1 min. x 1000
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90. Unstabilised RR58, annealed at 300°C for 0.3 min. x 1000
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91. Unstabilised RR58, annealed at 300°C for 0.3 min. x 2000
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FIGURE 92. Unstabilised RR58, annealed at 300°C for 1.0 min. x 1000
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93. Unstabilised RR58, annealed at 300°C for 3.0 min. x 1000
94. Unstabilised RR58, annealed at 300 C for 10 min. x 1000
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FIGURE 95. Unstabilised RR58, annealed at 300°C for 30 min. x 1000
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96. Unstabilised RR58, annealed at 300°C for 30 min. x 2000
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97. Unstabilised RR58, annealed at 300°C for 100 min. x 1000
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98. Unstabilised RR58, annealed at 300°C for 6000 min. x 1000
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FIGURE 100. Unstabilised RR58, annealed at 33C°C for 1 min. x 2000
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FIGURE 101. Unstabilised RR58, annealed at 330°C for 1000 min. x 1000
99. Unstabilised RR58, annealed at 330°C for 1 min. x 1000
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FIGURE 103. Unstabilised RS58, annealed at 360°C for 10 min. x 1000
102» Unstabilised RR58, annealed at 360°C for 0.3 min. x 1000
FIGURE 104. Unstabilised Alloy F, annealed at 270°C for 1.0 min. x 1000
FIGURE 105. Unstabilised Alloy F, annealed at 270°C for 50,000 min. x 1000
FIGURE 106. Unstabilised Alloy F, annealed at 300 C for 0.3 min. x 1000
S ' * r. M /  a • }  r* » 4/ ^
- • ■ y  •* y
V -  '  ' * v  . >  * ^
FIGURE 107. Unstabilised Alloy F, annealed at 300°C for 10,000 min. x 1000
FIGURE 108. Unstabilised Alloy F, annealed at 330°C for 1 min. x 1000
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FIGURE 109. Unstabilised Alloy F, annealed at 330°C for 1000 min. x 1000
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FIGURE 110. Unstabilised Alloy F, annealed at 360°C for 0.3 min. x 1000
FIGURE 111. Unstabilised Alloy F, annealed at 360°C for 30Q min, x 1000
FIGURE 112. Graphical summary of results from annealing experiments for 
stabilised alloys (located in text)
FIGURE 113. Graphical summary of results from annealing experiments for 
unstabilised alloys (located in text)
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FIGURE 116. Compilation of softening curves for Alloy C and the corrected 
softening curves for RR58 and Alloy F
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UNWORKED ALLOY F AT 360°C 
RESULT OF SUBTRACTING 
STABILISED FROM UNSTABILISED
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FIGURE 119* Unworked Alloy. F at 360°C result of subtracting stabilised from 
unstabilised curve
CALCULATED EFFECT OF DEFORMATION 
ON THE PRECIPITATION KINETICS IN 
UNSTABILISED ALLOY F AT 300*C.
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FIGURE 120. Calculated effect of deformation on the precipitation kinetics 
in unstabilised Alloy F at 360°C
Heating time EFFECTIVE CORRECTIOil FOR 
PRECIPITATION IN UflSTABILlSEB 
ALLOY F AT 350’C.
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FIGURE 121. Effective correction for precipitation in unstabilised Alloy F 
at 360°C
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120
CORRECTED SOFTENING CURVE FOR 
UNSTABILISED ALLOY F AT 360*C.110
100
100 1000 1Q000
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FIGURE 122. Corrected softening curve for Alloy F at 360°C
I 10
ANNEALING TIME (min)
IC O
Curves of hardness versus annealing time for 
three two-phase alloys ( £  =  0.008 wt %  Fe, grain size 
0.19 mm; =  0.06 wt °/Q Fe, grain size 0.22 mm; A =*
0.86 wt %  Fe, grain size 0.16 mm).
FIGURE 123. Annealing curves for three Aluminium-iron alloys 
(after Mould and Cotterill, ref. 221)
FIGURE 124. Micrograph of RR58 taken after staining with permanganate/ 
carbonate solution x 600
A - B  Region of e tch ing
C * 0  Region of successful polishing
D - £  Region of excessive gassing  
and uneven polishing
V o ltag e
FIGURE 125. Electropolishing, curve
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FIGURE 126. Micrograph of RR58 taken after argon ion bombardment x 200
FIGURE 127. Transmission electron micrograph of unstabilised Alloy F 
x 70,000
O.ly
FIGURE 128. Transmission electron micrograph of unstabilised Alloy F
x 70,000
%O.ly
FIGURE 129. Transmission electron micrograph of unstabilised Alloy F 
x 70,000
FIGURE 130. Transmission electron micrograph of unstabilised RR58 x 250,000
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FIGURE 131. Scanning electron micrograph of stabilised RR58 x 10,000
FIGURE 132. Scanning electron micrograph of lightly etched stabilised 
Alloy F x 11,500
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Sectional Wen- of the photoemtssiun microscope 
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FIGURE 133. Schematic of Photo Emission Electron Microscope (P.E.E.M.)
FIGURE 134. Schematic of P.E.E.M. specimen stage
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FIGURE 135. P.E.E.M. standard specimen
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FIGURE 136. Specimen adapter for P.E.E.M.
FIGURE 137. P.E.E.M. micrograph of RR58 after considerable argon ion 
bombardment x 1000
is '
FIGURE 138. P.E.E.M. micrograph of RR58 x 500
FIGURE 139. Micrograph showing vapour deposited zinc/aluminium interface 
x 600
FIGURE 140. Schematic representation of Gallium attack on aluminium surface
